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Abstract

Solid Oxide Fuel Cells (SOFCs) are electrochemical devices characterized by high

e�ciency and fuel �exibility, and represent a suitable technology for the clean utili-

sation of fossil fuels. However, to achieve commercialization, corrosion issues giving

rise to long term performance decay must be faced: in particular, the degradation

of the metallic interconnects must be overcome through the deposition of ceramic

protective coatings. Aim of this thesis is the development of cost-e�ective and

environmental friendly methods for the synthesis of coating materials and for the

production of coating layers.

The High Energy Ball Milling technique has been applied to metal oxides mix-

tures, verifying its e�ectiveness in the production of nanostructured mixed Mn-Co

spinel powders. The in�uence of the composition on their chemico-physical proper-

ties has been studied to further optimize the materials for the application, assessing

the advantages induced by a multiple compositional doping approach.

A novel molten carbonate dip-coating passivation method, suitable to produce

dense La-Fe perovskite based coatings on stainless steels, has been successfully ap-

plied on SOFC interconnects alloys. The identi�cation of opportune galvanic cou-

pling phenomena occurring in the molten bath has allowed to further tune the

process, resulting in the production of metal decorated composite structures. The

stability of the obtained coatings has been assessed by means of high temperature

oxidation experiments.
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Introduction

One of the current most challenging issues for the whole of mankind is represented

by the constant growth of energy demand, driven by world population growth and

increasing living standards [2]. With most of energy production (80% [3]) ful�lled

by fossil fuels combustion, the release of CO2 and other noxious gases in the atmo-

sphere leads to signi�cant environmental issues - remarkable is the Chinese example

[4]. Among these, local and global climate change phenomena are relevant for the

survival of the world as we know it, associated to greenhouse gas (GHG) emission.

Anthropogenic climate change is obviously an intricate problem, arising from the

complex interactions between three distinct parameters: energy, economics, and en-

vironment. Energy is essential for economic growth and society development, and

on the other hand one of the major greenhouse gas sources. It is obviously di�cult

to balance the three factors, although a pathway towards environmental protection

is now hypothesized, in particular by the agreements reached at the recent 2015

United Nations Climate Change Conference in Paris [5].

Representing nuclear energy a very controversial topic, the complete supply of

energy demand by emission free renewable energies is the straightforward and more

desirable strategy, not viable however in the short term principally due to the lack

of su�cient and cost e�ective energy storage methods. The e�cient exploitation

of fossil fuel must therefore constitute the bridging strategy between the current

unsustainable situation and a green energy production. Electrochemical devices such

as fuel cells, characterized by high e�ciency ratio (>50%) not limited by the Carnot

principle, can represent a short-medium term solution. Their design furthermore

contemplates the separation of fuels and oxidant streams, allowing to reach high

levels of carbon capture without substantial additional cost.

Among fuel cells, Solid Oxide Fuel Cells (SOFCs) are characterized by some

advantages exploitable in particular in stationary or low-mobility systems. Firstly,

High grade exhaust heat is produced allowing high-e�ciency combined cycle designs

such as SOFC/gas turbine/steam turbine. Furthermore, SOFCs are characterized by

high fuel �exibility, utilising conventional hydrocarbons. This opens two interesting
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Introduction

application scenarios: natural gas and syngas/biogas. For the �rst, SOFC may

be the perfect technology to bene�t from the recent global natural gas production

rise, due to fracking technique development and to the recent increased production of

natural gas from Gulf Cooperation Council (GCC) oil reservoirs [6]. The exploitation

of SOFC as distributed power generators, with the possibility to use the existent

natural gas distribution grid, could therefore represent a signi�cant improvement

in terms of e�ciency and generated pollution. Regarding the second perspective,

coupling SOFC with biomass gasi�cation systems, as allowed by their high fuel

�exibility, could result in a highly e�cient and carbon neutral production of power

and heat.

Development of SOFCs started in the seventies as niche application related to

aerospace industry. In the last decades e�orts have been directed in particular

towards the development of kW systems suitable for distributed power generation.

Economic viability of such systems is however dependent on costs and longevity.

While the prices are related to the production scale, and expected to drop with

mass-scale production, performance degradation associated with material corrosion

is an issue that must be addressed at its basis. In particular, metallic interconnects

corrosion with subsequent chromium di�usion and cathode deactivation is considered

one of the major contributions to the degradation of SOFC systems. The application

of protective coatings is therefore required to ensure long-term stability of the stack

performance. Mn-Co Spinel and La-based perovskite oxides are commonly regarded

as suitable materials, each characterized by strengths and drawbacks [7].

Aim of this thesis, with the need for large-scale application of the protective

coatings, is the evaluation of cost-e�ective and environmental friendly methods for

the synthesis of coating materials and for the production of e�ective coating layers.

In order to achieve this aim, two main objectives were de�ned, consisting in the

exploitation of mechanochemical techniques as synthesis method for mixed Mn-Co

oxides and the application of a novel chemical conversion method on SOFC suitable

ferritic alloys to produce e�ective La-Fe perovskite based coatings.

Regarding the �rst target, chemico-physical and processing properties of powders

subjected to High Energy Ball Milling (HEBM) treatments have been studied to

evaluate the e�ectiveness of the mechanochemical process. Furthermore, tailoring

of the chemical composition has been carried out to further optimize the material.

The results are reported in chapter 3.

The application of the molten carbonate chemical conversion technique, previ-

ously observed as suitable to produce dense and adherent La-Fe perovskite based

coatings by a one-pot dip coating process in opportunely tailored molten carbonate

alkali baths [8], to SOFC suitable alloys is described in chapter 4. To further tune
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the coatings properties, the extension of the technique to obtain metal-perovskite

composite coatings, exploiting advantageous galvanic coupling phenomena identi�ed

in opportunely tailored molten salts, is discussed in chapter 5. The e�ectiveness of

the produced protective layers, evaluated by means of high-temperature exposure

test, is �nally reported in chapter 6.
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Chapter 1

Solid Oxide Fuel Cells metallic

interconnects: the need for

protective coatings

1.1 Solid Oxide Fuel Cells

1.1.1 Working principles and geometries

A fuel cells is a device that promote the conversion of chemical energy in electric-

ity. To produce the electricity, the fuel gets oxidized by the oxidant. Several fuels

and oxidizing agents can be considered. However, the most promising combination

involves the oxidation of hydrogen gas by oxygen with the formation of water:

H2 +
1

2
O2 → H2O (1.1)

Fuel cells can therefore be clean devices, that do not imply a priori the formation

or release of noxious gas in the atmosphere.

The direct product of the chemical reaction reported in equation (1.1), apart

obviously from the water, is heat. To obtain electricity from this reaction, the

process must proceed through several steps, with the formation of ions and the

di�usion of ions and electrons - that constitute our electricity - through di�erent

paths.

To force the involved ions and electrons on di�erent pathways, it must be pro-

vided an opportune media that separates the zones where fuel oxidation occurs

(anode) and the oxidant reduction takes place (cathode). The electrolyte has there-

fore the role to allow the ions migration while representing a barrier to electrons

1



Solid Oxide Fuel Cells

Figure 1.1: Schematic representation of a fuel cell.

di�usion, that takes place through and external circuit. The basic design of fuel

cells comprises therefore 3 key parts: the anode, the cathode, and the electrolyte.

A schematic representation is reported in �gure 1.1.

With reduction of the oxidizing species occurring in the cathode and oxidation

of the fuel in the anode, the electrolyte is responsible the physical separation of the

anode and cathode, to avoid chemical short circuits. Furthermore, the electrolyte is

responsible for the transport of the ions involved in the reaction, without allowing

the electrons to migrate through. Considering the reaction of equation (1.1), the

charge of the di�using ions determines whether water production will occur at the

anode or at the cathode side: if positive charges can di�use through the electrolyte

(e.g. H+) cathode and anode reactions as reported respectively in equation (1.2)

and (1.3) occur:

H2 → 2H+ + 2e− (1.2)

1

2
O2 + 2H+ + 2e− → H2O (1.3)

If the electrolyte is characterized instead by anion di�usion capability (e.g. O2−

or CO2−
3 ) the electrode reactions reported respectively in equation (1.4) and (1.5)

will take place:

H2 +O2− → H2O + 2e− (1.4)

2



SOFCs metallic interconnects: the need for protective coatings

Figure 1.2: Common fuel cells and corresponding fuels, charge transport ions and
oxidizers [9].

1

2
O2 + 2e− → O2− (1.5)

Cathodic and anodic reactions are therefore dependent on the electrolyte nature.

The large number of possible electrolytes gives rise to a high variety of viable fuel

cells architectures, commonly divided in low temperature (T<250◦C) and high tem-

perature (T>500◦C) devices. The most widespread and common fuel cell categories,

namely Solid Oxide Fuel Cells (SOFC), Molten Carbonate Fuel Cells (MCFC), Phos-

phoric Acid Fuel Cells (PAFC), Proton Exchange Membrane Fuel Cells (PEMFC)

and Alkaline Fuel Cells (AFC), are summarized in �gure 1.2 [9]. The diversity among

these cells arise from the electrolyte di�erence, with the di�erent ion transport media

and mechanisms involved and therefore di�erent operating temperatures. Cathode

and anode materials are accordingly linked, and the possibility to use di�erent fu-

els and oxidizing agents is the consequence of electrodes materials and operating

temperature combination.

Single cells generate however low amounts of power at low voltages.To obtain

su�cient energy, multiple cells are connected in series with interconnects or bipolar

plates to form cell stacks. The interconnect must be gas tight, and - contrary to

electrolytes - a good electric and poor ionic conductor.

Regarding the e�ciency of fuel cell systems, it is usually considered as the ratio

of the output energy versus the energy stored in the fuel. The electrical e�ciency of

3



Solid Oxide Fuel Cells

Figure 1.3: Schematic representation of a SOFC.

fuel cells is usually between 20-60% [10]. Furthermore, in certain fuel cell types, the

thermal energy released in the chemical reactions occurring in the cell is released as

high grade heat, and considering combined electrical energy and heat as output of

Combined Heat and Power (CHP) systems (systems where both electrical energy and

heat are obtained from the device) e�ciencies up to 90% are achievable [10]. These

values make fuel cells highly fascinating in several application �elds (for comparison,

internal combustion engines e�ciency is approx. 25%). In particular, SOFCs attract

interest being characterized by high e�ciency within the di�erent types of fuel cells

(typically ∼40% electric e�ciency and up to 90% CHP [10]), with application in

�elds involving relatively low system outputs (i.e. kW range) and stationary use,

such as distributed power and heat generation for houses or buildings.

A schematic design of a SOFC is reported in �gure 1.3. Air is injected at the

cathode side, and oxygen is adsorbed and reduced. Oxygen ions di�use through the

electrolyte layer to the anode side, where they react with the fuel to form water and

heat. The electrons involved in the oxygen reduction and in the fuel oxidation �ow

through an external circuit and generate the exploitable electrical current.

The electrolyte constitutes therefore a crucial part: it must provide gas tightness,

low hydrogen permeability and high oxygen ionic conductivity. Several ceramic

materials have been identi�ed as suitable for the application, such as zirconium-

based oxides, Lanthanum gallium perovskites and cerium-based oxides. Oxygen ions

conductivity of these materials is highly dependent on temperature, and to promote

signi�cant di�usion phenomena these electrolytes need to work at temperatures

higher than 600◦C.
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SOFCs metallic interconnects: the need for protective coatings

Figure 1.4: Oxygen reduction and di�usion mechanisms in pure electronic, ionic-
electronic composite, mixed ionic-electronic conducting cathodes [13].

At the anode, the chemical reaction reported in equation (1.4) takes place prefer-

entially at the triple-phase boundaries, the surface interfaces between the electrolyte,

the electrode and the gas. In these sites, oxygen ions di�using from the electrolyte

encounter and react with hydrogen adsorbed on the anode material. This must

be characterized by high electronic conductivity, to easily provide electrons to the

external circuit, su�cient electrocatalytic activity, to facilitate hydrogen oxidation,

and good thermal and chemical stability. Ni/YSZ cermets have been developed since

the seventies [11], and currently represent the benchmark, even if some issue such

as sulphur poisoning and carbon deposition still need to be fully addressed.

In the cathode, the oxygen is adsorbed on the surface and is reduced by the

incoming electrons from the external circuit. Similarly as in the anode, cathode

materials must be characterized by high electrical conductivity and high catalytic

activity, in this case towards the Oxygen Reduction Reaction (ORR). In mate-

rials characterized by poor ionic conductivity, the e�ective process occurs com-

monly in the electrolyte proximity, in particular at the three-phase boundary (cath-

ode/electrolyte/oxidant). In cathodes characterized by high ionic conductivity or

composites cathodes, where the reduced oxygen ions can di�use through the bulk

of the cathode material, the reduction can occur on the whole surface, as depicted

in �gure 1.4.

Among cathode materials, Lanthanum-based perovskites, with common formula

Axa1−xByb1−yO3, where A is lanthanum, a is a earth-alkaline ion (commonly Sr), B

and b are transition metals (e.g. Mn, Fe, Co), have been exploited and developed

since the seventies [12] and currently represent the benchmark materials.

Typical single SOFC cells produce low voltages (<1V) and are characterized by

power densities in the W/cm2 range. To raise the output, many cells are electrically

5



Solid Oxide Fuel Cells

Figure 1.5: Schematic representation of a tubular SOFC.

connected together in a cell stack through interconnections. Two di�erent strategies

are commonly adopted to build SOFC stacks, exploiting di�erent cell geometries,

namely of tubular and planar shapes.

Tubular SOFCs, represented in �gure 1.5, are built in a cylindrical shape, with

the air �ow channel in the center of the cell surrounded by the cathode material.

On the cathode material the electrolyte and the interconnect are placed. The anode

�nally covers the electrolyte, without contact with the interconnect. The connection

of the interconnect with the anode of a second cell links in series the two cells.

Tubular SOFC may be of large (>15mm) or of much smaller diameter (<5mm) -

the microtubular cells.

Among their advantages, they do not require high temperature seals, making

their performances stable over long periods, and their geometry confers signi�cant

robustness towards thermal cycling. However, low power density is obtained (com-

monly approx. 0.2 W/cm2) and the cell dimension scale up is not straightforward,

limiting the overall power and therefore limiting their application to portable �elds

[14].

Planar SOFC, described in �gure 1.6, are built as �at sheets of electrodes and

electrolytes, tightly interrelated, with planar interconnects suitable to favour the

gas �ow. The side length is usually limited to approx 10-20 cm to avoid mechanical

stresses arising when exposed to high temperature, that may cause cracks and faults.

The cell design and production are easier with respect to tubular SOFC. The

energy density obtainable from planar SOFC is usually higher with respect to tubular

cells (up to 2 W/cm2) and the scale up is much easier, consisting in the assembly of

a larger number of stacked cells.

The planar design introduces however a signi�cant attention on the anode and

cathode separation by the interconnect, described further in section 1.1.2. The

requirements of this part may be the most severe of all cell components: high elec-

tronic conductivity, minimal ionic conductivity, stability in oxidizing and reducing

atmospheres, low permeability to hydrogen and oxygen gases, thermal expansion

6



SOFCs metallic interconnects: the need for protective coatings

Figure 1.6: Schematic representation of a planar SOFC.

compatibility with the other cell materials, high chemical stability and low reactiv-

ity with the anode and cathode materials.

Furthermore, to avoid lateral leakage of gases, sealants are needed to connect

two interconnects without electrical short circuits. Therefore, sealants must be her-

metic, chemically stable and electrically insulating, characterized by a good thermal

expansion match with the surrounding materials and good bonding adhesion and as

well as the interconnects represent a crucial part in the stack design. These introduc-

tion of two elements in the stack design introduces therefore several new interfaces

(electrode/interconnects, interconnects/sealant) that may give rise to instability and

degradation issues in the long term.

1.1.2 Planar SOFC interconnects

As brie�y introduced in section 1.1.1, interconnects play a key role in SOFCs. In

particular, in planar SOFCs, interconnects separate adjacent anode and cathode

ambients, characterized respectively by highly reducing and oxidizing atmospheres,

providing electrical connection. Interconnect materials must therefore possess the

following characteristics [15]:

� High bulk electrical conductivity;

� Low Area Speci�c Resistance (ASR), tipically less than 0.05 Ω · cm2;

7



Solid Oxide Fuel Cells

Figure 1.7: Trend of research and development on SOFC interconnect materials [16].

� structural and chemical stability in reducing and oxidizing atmospheres;

� gas imperviousness towards hydrogen and oxygen di�usion;

� Coe�cient of Thermal Expansion (CTE) compatibility with the other cell

components (CTE ≈ 11÷ 13 · 10−6K−1);

� low chemical reactivity towards anode, cathode and sealant materials;

� good mechanical stress;

� low cost and ease of fabrication.

Research and development of interconnects materials has evaluated both ceram-

ics and metal alloys. The trend of research on SOFC interconnect materials in the

last 50 years is reported in �gure 1.7 [16].

Regarding ceramic materials, research has focused on lanthanum chromite based

perovskites (LaCrO3). LaCrO3 is a p-type semiconductor under oxidizing condi-

tions [17], stable in low PO2 atmospheres [18], characterized by high compatibility

with the other cell components. Being LaCrO3 not characterized by su�cient elec-

trical conductivity, compositional doping has been proved as an e�ective strategy

to obtain su�cient conductivity in the high temperature range (T>800◦C), making

LaCrO3-based materials suitable for the application. Among the drawback of ce-

ramic interconnects, high costs and low processability, principally due to the high

required sintering temperature (T>1450◦C in reducing atmosphere), limit the large

scale applicability of such materials [19].

8



SOFCs metallic interconnects: the need for protective coatings

On the contrary, metal alloys are characterized by signi�cantly lower cost [20],

high availability and ease of fabrication. A summary of the evaluated alloys is

reported in table 1.1.

Table 1.1: Comparison of key properties of di�erent alloy groups for SOFC applica-
tions [21]:

Alloys CTE
( · 10−6K−1)
[800 ◦C]

Oxidation
resistance

Mechanical
strength

Manufacturability Cost

Cr based 11.0÷12.5 Good High Di�cult Very
high

Ferritic SS 11.5÷14.0 Good Low Fairly ready Low
Austenitic SS 18.0÷20.0 Good Fairly

high
Ready Low

Fe-Ni-Cr 15.0÷20.0 Good High Ready Medium
Ni-Fe-Cr 14.0÷19.0 Good High Ready High

Among the reported alloys, the research trend developed in the last 20 years

focused on the commercialization of SOFC (and therefore on the reduction of costs)

and the development of Intermediate Temperature (T∼ 600÷ 800◦C) suitable elec-

trolytes made iron based alloys, in particular Fe-Cr ferritic stainless steels, particu-

larly appealing.

Ferritic stainless steel are in fact characterized by good CTEmatch with the other

cell components (CTE ∼ 11 ÷ 13 · 10−6K−1 [22]), high ductility, good workability,

ease of processing and lower costs with respect to Ni and Cr based alloys [21].

With respect to their ceramic counterparts, these alloys su�er however from

corrosion issues. When exposed to oxidizing conditions at high temperature, growth

of super�cial oxides is promoted. In the case of ferritic stainless steels, a dual layer

oxide structure is commonly produced, with a inner protective chromia (Cr2O3) scale

and an outer non-protective Mn-Cr spinel layer [23]. While steels can be considered

excellent electrical conductors, the thermal oxide scales are characterized by high

resistivity, that grows signi�cantly when temperature is lowered towards 600◦C. As a

result, while acceptable at 800◦C, the ASR of such scales has been found to increase

to signi�cantly high values under low operating temperatures (e.g. T<700◦C) in

spite of the very thin oxide scales forming on the surface in such conditions. Thus,

for instance, an ASR value of 13.3mΩ · cm2 is reported for an uncoated AISI 430

steel at 800 ◦C [24], which increases to 430 mΩ · cm2 when temperature is decreased

to 700 ◦C [25]. Proper additives (in particular Mn) are introduced in the alloy

to enhance the scales electrical conductivity. The enhancement of electronic and
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Figure 1.8: Equilibrium vapor pressures of chromium�oxygen�hydrogen gas species
at 800 �C [27].

eventually ionic conductivity of the scales, however, may enhance the scale growth

kinetic, favouring therefore the interconnect corrosion, and the right compromise

must be found [21].

In addition to the conductivity issue, the use of ferritic stainless steels inter-

connects is responsible for the chromium poisoning phenomenon [26]. At operating

temperature, especially in water rich environments, chromium tends to form volatile

oxides and oxyhydroxides. In �gure 1.8 the equilibrium gas pressures for CrOxHy

species calculated at 800◦C [27] are reported. It can be observed that high pressures

of chromium oxyhydroxides species are obtained both in the anode and cathode con-

ditions, and that the phenomenon is enhanced in the oxygen rich side of the diagram,

representing the cathode side. Volatile chromium species can migrate through the

cathode, deposit and react with cathode materials, producing insulating compounds

like SrCrO4 and Cr-Mn spinels. Furthermore, these reactions commonly occur at

the three-phase boundary (cathode/electrolyte/oxidant), reducing the active sites

availability for the gaseous species. Furthermore, the reaction of chromium with

elements of the active layers induces changes in the chemical composition of the

electrodes, a�ecting its e�cacy.

1.2 Metallic interconnect coatings

As highlighted in section 1.1.2, the use of ferritic stainless steel interconnects brings

signi�cant advantages over traditional ceramic parts if the degradation is reduced.

One of the possible strategies to face this issue, developed in the last decade, is the
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Figure 1.9: Schematic representation of the metallic interconnect coatings require-
ments.

application of protective coatings.

The application of a further layer in the stack geometry introduces however new

interfaces, with related complications. To depict these new challenges, a schematic

view of the coating interfaces is reported in �g 1.9.

As evident, the requirements of coating materials are demanding, and include:

� Low ionic conductivity and oxygen gas permeability, to avoid di�usion towards

the substrate of oxygen species and substrate oxidation;

� Low Cr di�usion coe�cient, to avoid chromium migration towards the surface

and evaporation;

� Thermodynamically stability in the operating conditions, to ensure long term

performance constancy;

� High chemical compatibility and stability towards the electrode materials and

the sealants;

� Su�cient electrical conductivity, to avoid signi�cant increase of the stack re-

sistance;

� Good thermal expansion match with the substrate, to avoid detachment and

spallation during thermal cycling;

� The possibility to be applied in dense and uniform layers with low cost and

highly scalable techniques.

Various materials have been evaluated, focusing in particular on reactive element

oxides, perovskite oxides and spinel oxides [Shaigan2010;Mah2016].
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1.2.1 Reactive element oxides

The addition of small amounts of reactive elements (e.g. Y, La, Ce), also in the

form of dispersed oxide particles, reduces the high temperature oxidation rate and

improves the thermal oxide scale adhesion [28]. Their limited e�ectiveness has been

related to the reactivity with impurities (e.g. S) that may segregate at the metal-

scale interface, a�ecting the scale adhesion, or to the tendency for large reactive

elements ions to segregate at the oxide scale grain boundary, where they block the

fast di�usion paths for the transition metal cations that form the scale (i.e. Cr).

The inhibition of the outward cation migration prevents vacancy injection at the

interface, slowing therefore the oxide growth process.

Coatings of Rare Earth Oxides (REO) have shown to reduce oxidation rate

and ASR growth, but do not represent an actual barrier to chromium evaporation,

principally due to their morphology (thin and porous). REO coating are there-

fore considered as the �rst generation of protective coatings for steel interconnects,

surpassed in e�ectiveness by spinel and perovskite oxides [7].

1.2.2 Perovskite materials

Perovskite oxides with general formula ABO3, where A is a rare earth cation (typi-

cally La) and B is a transition metal, are considered as promising coating materials

for for ferritic stainless steel protection for several reasons[7]:

� high p-Type electrical conductivity (composition dependent);

� good CTE match with the substrate;

� chemical compatibility with the electrode materials;

Among the perovskites, e�orts have been focused on compositions already ex-

ploited as ceramic interconnects, such as lanthanum chromites and lanthanum stron-

tium chromites (e.g. [25, 29, 30]), or similar to cathode materials, namely lantanum

strontium manganites, lanthanum strontium cobaltites, lanthanum strontium fer-

rites (e.g. [31]). The stability of these materials in generally remarkably high in ox-

idizing conditions, while the composition, and in particular the B transition metal,

in�uence greatly the behaviour in reducing atmospheres.

The e�ective use of perovskite coatings has proved to be particularly challenging.

Firstly, such perovskites exhibit in fact mixed electronic and oxygen ion conductivity,

raising doubts on the e�ectiveness in impeding oxygen di�usion and sub-coating scale

growth [7]. In second place, deposition of fully dense perovskite coatings requires
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the application of high �ring temperatures or long sintering times, often in reducing

conditions, with potential adverse e�ects on the substrates [32, 33]. Furthermore,

perovskite layers exhibit usually poor adhesion strength on stainless steel substrates,

potentially promoting premature failure during thermal cycles. Results reported

in literature con�rm these challenges, showing that the application of perovskite

coatings does not suppress completely Cr migration, despite resulting e�ective in

the enhancement of the oxide scale electrical conductivity and adhesion [7, 34].

1.2.3 Spinel compounds

Spinel oxides are characterized by the general formula AB2O4, where A and B are

commonly transition metal cations. The chemico-physical properties of spinels are

highly dependent on their composition, and the right metal choice can produce ex-

cellent CTE match with the substrate and other cell components, with su�cient

electrical conductivity, as observed in particular in Mn-Co, Mn-Cu and Cu-Fe com-

pounds [35].

Despite being characterized by lower chemical stability with respect to the per-

ovskites competitors, in particular in reducing atmospheres, the low ionic conductiv-

ity of such spinels and the high compatibility with the substrates, with the formation

of highly adhesive and coherent interfacial layers, make spinel oxides particularly

attractive. Several studies have been published, focusing in particular on Mn-Co

spinels and transition metal doped (e.g. Ni, Cu, Fe) Mn-Co spinels, demonstrat-

ing the e�ectiveness in the sub-coating scale growth inhibition and in chromium

retention with the achievement of low ASR values in long-term tests [7].

1.2.4 Composite coatings

In the last years, results have been reported regarding composite coatings, in par-

ticular perovskite-spinel and rare earth oxides - spinel coatings. Regarding the �rst

case, Lacey et al. [31] showed that the formation of a stable intermediate spinel

layer formed under a thin perovskite outer layer can be highly e�ective in blocking

outward Cr di�usion. More recently, low ASR values and no sign of Cr di�usion have

been reported on a composite coating formed by a LaCoO3 perovskite outer layer

and an inner Co3O4 layer [36]. These works seem to suggest that the formation of an

interfacial spinel layer could enhance the performance of thin perovskite coatings.

The positive e�ect of a combined spinel/ perovskite thin coating approach is also

supported by a very recent patent from Bloom Energy Co. that describes the use of

double oxide �lm coatings composed of a perovskite oxide on top of the spinel layer
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for best coating performance [37]. According to the patent, two main e�ects can

be expected from a spinel-perovskite coating combination: �rstly, the spinel layer

prevents direct contact of the perovskite coating with the inner Cr-rich native oxide,

which could lead to formation of unwanted and resistive phases; secondly, the top

perovskite coating is an additional barrier against the transport of oxygen toward

the inner Cr-rich native oxide.

Regarding the second case, the application of metallic Co thin layers (<1µm) and

their thermal oxidation to form Co-rich spinels has been proved to produce coatings

characterized by good barrier properties and low ASR [38]. The combination of

such layer with a thin (≈ 10 nm) cerium oxide interlayer improved furthermore the

barrier e�cacy, thanks to the enhancement of metal ion di�usions behaviour [39,

40]. Based on these studies, Sandvik Materials Technology has recently developed

an industrially-designed physical vapour deposition method for high reliability and

reproducibility of deposition conditions of Ce/Co conversion coatings. As a result

of their e�orts, Ce/Co precoated steel interconnects are considered today the best

multi-functional coating technology available for IT-SOFC steel interconnects, al-

though the commercial coated steels are still expensive and lower-cost solutions are

still being actively pursued.

In table 1.2, a summary of the various coating material characteristics is reported.

Table 1.2: Comparison of the various coating materials:

Coating material Electronic
conductivity

Cr di�usion
inhibition

Oxidation
resistance

Manufacturability

Reactive element oxide Fair Poor Fair Good
Rare earth perovskite Good Fair Fair Fair
Spinels Good Good Good Good
Composite coatings Good Good Good Fair

Currently, Mn-Co spinel oxides represent the best compromise between ease of

processing and e�ectiveness. E�orts are focused therefore in developing e�ective,

highly scalable and cost e�ective spinel coatings ready for mass production [34].

Chemico-physical and processing properties of Mn-Co spinels have been further

analysed and described in the next section.

The application of perovskite coatings, given the opportune combination of ma-

terial and deposition technique to overcome the issues mentioned above, could rep-

resent an interesting solution due to their theoretical higher stability. La-based

perovskite coatings are further examined in section 1.4.
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1.3 The Mn-Co oxides system

Mn and Co are characterized by the existence of oxides with spinel structures,

namely Mn3O4, Haussmanite, thermodynamically stable at high temperature (ap-

prox. in the 900 ÷ 1200 ◦C range), and Co3O4, thermodynamically stable below 900
◦C. While cobalt spinel is characterized by a cubic simmetry, Haussmanite shows

a tetragonal distortion due to Jhan-Teller e�ect induced by Mn3+ in octahedral

coordination.

In �gure 1.10 the mixed oxide phase diagram in air is reported [41, 42]. The mixed

oxide phases re�ect the di�erences between the two metals. It can be observed that

a wide stability region of the mixed cubic spinel phase exists at intermediate tem-

perature, compatibly with the SOFC interconnect operating temperature. Cooling

from the spinel stability region, oxidation of spinel phases and demixing of oxidized

species (Me(3+)
2 O(2−)

3 ) should occur. However, due to kinetic e�ects, the oxidized

mixed phases are rarely observed [42], and the spinel phases are retained to room

temperature. For Co rich MnxCo3−xO4 oxides (x<1.4) a single spinel phase is stable

down to room temperature. When cooling intermediate compositions (1.4<x<2), in

slow cooling treatments a mixture of a cobalt-rich cubic spinel and a manganese-rich

tetragonal spinel is normally observed, while a single distorted tetragonal phase is

obtained when quenching the same compositions. Single tetragonal spinel phases

are obtained for Mn rich spinels (x>2) [43�45].

In intermediate compositions, distortion and de-mixing of the tetragonal phase

from the cubic spinel is determined by di�erent preferential occupations of lattice

sites by Co and Mn ions. The lattice site occupation of Mn-Co spinels is quite

complicated, due to the various possible oxidation states for both elements (Mn2+,

Mn3+, Mn4+, Co2+, CoIII). Mn3+, Mn4+ and CoIII tend to occupy preferentially

octahedral sites, while Mn2+ and Co2+ show no preference at room temperature [46,

47]. The mixed spinel will therefore be characterized by the presence of cobalt as

Co2+ in tetrahedral sites and CoIII and Co2+ in ochtahedral sites, with manganese

occupying octahedral sites with Mn3+ ions and a certain amount of Mn ions oxidized

to Mn4+, to counterbalance Co2+ in octahedral site maintaining electro-neutrality.

If the ratio of octahedral sites occupied by Mn3+ ions exceeds a certain amount (i.e.

0.55), Jahn Teller e�ect occurs, giving rise to phase lattice distortion and phase

de-mixing. At high temperature, more disordered structures are formed, with Co2+

ions occupation of octahedral sites and subsequent movement of Mn3+ in tetrahedral

sites, reducing lattice stress due to Mn3+ Jahn Teller e�ect and allowing the existence

of a single cubic spinel phase [48].

The chemico-physical properties are obviously linked to the spinel lattice struc-
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Figure 1.10: Phase diagram of the Mn-Co oxide system in air (S=spinel,
H=Haussmanite, R.S. = rock salt) [41, 42].

ture. For example, electrical conductivity in such systems is associated to a small

polaron hopping mechanism between Mn3+/Mn4+ and Co2+/Co3+ couples on octa-

hedral sites of the spinel structures. While Co3O4 and Mn3O4 are characterized by

low conductivity exhibiting insulating behaviour, intermediate compositions, char-

acterized by high amount of Mn3+/Mn4+ and Co2+/Co3+ couples [48], are charac-

terized by values of conductivity up to 80 S/cm at high temperature [49], making

them suitable for the application as SOFC interconnects coating materials.

For what concerns thermal expansion behaviour, CTE of MnxCo3−xO4 inter-

mediate composition spinels (1<x<1.5) is compatible with ferritic stainless steels

[35, 50, 51]. The dependence of CTE with composition has been investigated on

standard compositions (i.e. x=1, x=1.5, x=2) showing an increasing trend of CTE

with Co content[52]. However, to the best of my knowledge, no systematic studies

regarding intermediate composition spinels have been carried out.

The high stability of such oxides, their su�ciently high electrical conductivity,

with low ionic conductivity, and the mechanical compatibility with ferritic alloys

make therefore Mn-Co spinel suitable as coating materials for SOFC interconnects.

First reports related to the e�ectiveness of Mn-Co spinel coatings have been pub-
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lished in the mid-2000s, showing that electrical conductivity and oxidation resistance

of ferritic alloys were enhanced by the coating application [50, 53]. Several studies

have been carried out regarding the e�ectiveness of Mn-Co spinels coatings, pro-

ducing the coatings with several techniques such as slurry coating methods, plasma

spraying and metal electrodeposition followed by heat treatments, and a compre-

hensive review has been published recently [7].

The e�ectiveness of the coating layer is strictly related to an e�cient sintering

step. Mn-Co spinel powders require high sintering temperatures to achieve su�cient

densi�cation (e.g. >1000°C [54]), superior to the maximum acceptable temperatures

for the steel substrates. To overcome this issue, sintering treatment of Mn-Co spinels

coatings deposited on ferritic stainless steels include a thermal treatment in a re-

ducing atmosphere. This step promotes spinel decomposition and allows to exploit

the superior sintering properties of the metals, with respect to the spinel phase,

and achieve high densities at temperature lower than 900°C. The reducing step is

then followed by an oxidation treatment to produce again the spinel phase (e.g.

[50]). The majority of published literature related to Mn-Co sintered coatings adopt

this method (e.g. [55]). To the best of our knowledge, however, few studies have

been conducted focusing on the sintering behaviour of Mn-Co systems in reducing

conditions [56].

Modi�cation of the Mn-Co spinel via chemical substitution through addition of

dopant elements has been evaluated through the addition of transition metals (e.g.

Fe, Ti, Ni, Cu) or rare earth elements (e.g. Y) to further tune the spinel properties,

a�ecting the sintering, electrical and thermal expansion characteristics. Copper

and nickel addition proved e�ective in enhancing sintering behaviour and electrical

conductivity[57�61], iron addition can be e�ective in enhancing spinel stability [49].

The addition of further elements a�ect however the thermal expansion behaviour:

the addition of Cu and Ni raises CTE [57�59], while Fe, Ti, or Cr lower CTE [52, 62].

No clear relation between CTE and dopant concentration can be however deduced

from literature, mostly due to the high dispersion of results. Furthermore, the e�ect

of simultaneous multiple doping has not been evaluated.

1.3.1 High Energy Ball Milling as a synthesis process

The spinel powders are usually produced by high-temperature solid state reactions

between the oxides and/or carbonates of the metals, or through wet chemistry

methods such as sol-gel technique or glycine-nitrate process [7]. High Energy Ball

Milling (HEBM) is an alternative, well-consolidated and environmentally friendly

powder processing technique applied in material science [63], cost-e�ectively scalable
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Figure 1.11: Schematic representation of the HEBM energy transfer mechanism.

through the exploitation of opportune milling equipment[64]. The process consists in

exposing de�nite quantities of powder reactants to repeated energy transfer phenom-

ena, realized by colliding balls. During the process, the colliding balls release their

kinetic energy to the trapped powder, and a sequence of several physico-chemical

phenomena can occur, as schematically depicted in �gure 1.11.

The evolution during the HEBM process can be observed through the surface

area development, as summarized in �gure 1.12. At the beginning, the main e�ect

is represented by the grinding of particles and the formation of new surfaces. The

clean surfaces derived from particle fractures can interact with each other and an

intimate mixing of the milled precursors is produced. Nanostructuration of the

particles begins at this stage, and the powder mixture is highly activated toward

possible reaction (Phase I). Particles are subjected to plastic deformations, and at

increased processing time phenomena such as interdi�usion of species and atomic

rearrangements, nucleation of new stable and metastable phases in nanostructured

form, polymorphic transitions, amorphization or recrystallization transformations,

and so on, can occur (Phase II). Providing further energy, homogenization and

growth of particles in the milled mixture can occur (phase III). Although the process

can also produce materials in their state of thermodynamic equilibrium, a HEBM

process is mainly a �nonequilibrium� process, due to the impulsive nature of the

mechanism of energy transfer, occurring at low temperature. Materials obtained in

this way often show unique characteristics, not detectable using other processing

techniques [65�67].

In view of large scale application of SOFCs, and therefore with the need for

cost-e�ective deposition methods, cheap wet-powder coating techniques should be

considered preferred. These methods consist in formulation of inks, application of

the coating with techniques like spraying, slurry deposition, dip-coating or ink-jet
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Figure 1.12: Schematic representation of a HEBM treatment evolution depicted as
surface area development during the process.

printing, and a sintering step to densify the coating layer. In these cases, powder

synthesis is critical to obtain compounds with the proper morphology, suitable for

these cheap deposition techniques to realize at low sintering temperature the thin

and dense layers requested for the protective activity. Nanostructuration of the

compounds, obtained commonly through HEBM treatments, can be bene�cial for

the formulation of inks and the sintering steps [68]. HEBM was selected therefore as

a cost-e�ective and environmentally friendly synthesis strategy in order to produce

nanostructured oxide particles, evaluating the response of pristine oxide powders

to the mechanochemical treatment and the chemico-physical properties of milled

powders, to assess if HEBM could be e�ectively applied as synthetic method, and

the results are reported in section 3.1.

After evaluating the behaviour of Mn-Co spinels subjected to a mechanochemical

treatment, the dependence of chemico-physical properties of milled powder on the

composition is studied evaluating several Mn:Co ratios and doping levels, focusing

on Cu, Fe and simultaneous Cu+Fe doping. The results are reported in section 3.2.
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1.4 Lanthanum based perovskites

As brie�y introduced in section 1.2.2, an e�ective use of perovskite coatings for SOFC

protection has proved to be particularly challenging for various reasons. Firstly,

it is very di�cult to obtain deposition of fully dense perovskite coatings without

using high �ring temperatures or long sintering times, that could adversely a�ect

the mechanical properties of the stainless steel substrates [32, 33]. Secondly, ABO3

perovskites may exhibit a mixed electronic and oxygen ion conductivity, which could

raise doubts whether they could serve as e�ective ionic barriers to impede sub-

coating oxide scale growth [7]. Besides this, ceramic perovskite layers usually exhibit

poor adhesion strength on stainless steel substrates, which could promote premature

failure of the coating layers. In this respect, it may be worth mentioning that

recent studies report a simple sandblasting procedure with 320 mesh-size sands

as an e�ective and simple way to enhance perovskite coating adhesion onto steel

substrates[69].

A further issue, often ignored in the SOFC literature, is related to the fact that

perovskite oxides do not have the same stability as other metal oxide systems when

they are subjected to high electrical, electrochemical, thermal or oxygen chemical

gradients [70, 71]. For instance, cation segregation and structural changes in the

surface region are two important degradation issues that are commonly observed in

thin perovskite membranes when exposed to steep oxygen chemical gradients [72].

Although the precise degradation mechanism is unclear, the in�uence of oxygen

chemical gradients on perovskite surface stability is usually described in terms of

kinetic demixing e�ects of mobile cations (kinetic instability). Likewise, it is believed

that also SOFC perovskite coatings may be susceptible to kinetic instability as very

steep chemical or electrical gradients could arise, especially across thin coating layers.

All the aforementioned problems could explain, at least in part, why the published

literature reports controversial and confusing results about the viability of perovskite

coatings to suppress Cr di�usion and metal oxidation rates. For instance, Fu et al.

[73] report the results of Sr-doped LaFeO3 coatings (thickness about 70 µm) obtained

by sintering at 900 ◦C for 10 h. The thick perovskite coating signi�cantly reduces Cr

di�usion and oxidation growth of a 430 ferritic stainless steel after 1000 h at 800 ◦C.

A systematic study on the e�ect of various sintering conditions (3h in the range 800-

1100 ◦C ) on the corrosion performance of perovskite coatings has been reported in a

more recent study [69] by examining the behavior of a Sr-doped LaMnO3 perovskite

coated Crofer 22APU (coating thickness about 20 µm) exposed for nearly 8,000 h

at 800 ◦C. Optimal Cr retention and minimal growth of oxide scales (Cr2O3 and

(Mn,Cr,Fe)3O4 phases) could be obtained only with perovskite coated samples that
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had been sintered at temperatures above 1000 ◦C, namely at 1100 ◦C in a 90N2-

10H2 atmosphere. However, these positive results are not in agreement with the

�ndings of other authors. For instance, lanthanum-based perovskite coatings of

La0.8Ca0.2CrO3, La0.8Sr0.2CrO3 and La0.8Sr0.2MnO3 have been studied by Shong et

al. [74] for SOFC corrosion protection of Crofer22APU samples. Thick coatings of

about 20 µm were prepared by spin coating and then �red in air at 800 ◦C for 6

h for densi�cation. The authors report that the perovskite coating protection was

highly bene�cial to improve electric conductivity of the oxide scale, but much less

useful in preventing migration of Cr (and also Mn) species through the perovskite

layers to the outer surface.

The protective properties of thin perovskite �lms have been also examined in

some studies. Oddly enough, there is more consensus among the authors in re-

porting excellent protection performance of the perovskite coatings when in the

form of thin �lms. For example, 1 µm coatings of La-based perovskites including

La0.8Sr0.2CoO3, La0.6Sr0.4Co0.2Fe0.8O3 and LaNi0.5Fe0.5O3 were applied by Lacey et

al. [31] on Crofer22APU and 430 SS substrates by physical vapor deposition. Cr

migration across the perovskite coatings was studied after �ring at 1000 ◦C for 3 h

followed by an oxidation treatment at 850 ◦C for 168 h. The authors report that an

extensive chemical interdi�usion of the perovskite B-site cations and the transition

metals from the steel substrates had occurred during the �ring treatment resulting in

rapid formation of a stable spinel intermediate layer below the perovskite �lm. The

combination of perovskite and the spontaneously-formed spinel layer was claimed to

be highly e�ective in blocking outward Cr di�usion during the following oxidation

treatment. More recently, thin �lms of conductive LaCoO3 perovskites have been

prepared via a novel electrochemical route combined with thermal conversion in air

[36]. Uniform, dense and adhesive �lms of LaCoO3 with 1 µm thickness have been

fabricated on Co-coated Crofer22APU steel substrates. After thermal conversion at

800 ◦C for 4h, an intermediate spinel Co3O4 layer, 2 µm thick, is also formed that

provides additional protection against Cr di�usion. Results also indicate low and

very stable ASR values (below 20 mΩ · cm2) in the range 700-800 ◦C.

As introduced also in section 1.2.4, evidence from the last two works seems to

suggest that an additional formation of an intermediate spinel layer could dramat-

ically enhance the performance of thin perovskite coatings. Speculations could be

made about the role of cation demixing in ensuring rapid interfacial cation transport

for the spinel phase formation.The patent from Bloom Energy Co., describing the

use of double oxide �lm coatings composed of a perovskite oxide on the top of spinel

layer [37], suggests that the absence of a direct contact of the perovskite coating

with the inner Cr-rich native oxide the spinel layer could prevents the formation of
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unwanted and resistive phases. As a further yet not mentioned e�ect, it is also pos-

sible that the perovskite structure stability could be signi�cantly improved by the

intermediate spinel oxide layer. The spinel layer could, in fact, lead to an increased

overall coating thickness, which means a lowered oxygen and electrochemical gra-

dient across the perovskite layer. With a proper overall coating thickness, driving

forces for cation pumping in perovskite structures should be minimized, including

cation segregation and kinetic demixing e�ects.

1.4.1 La-Fe perovskite conversion coatings

As an alternative coating technique, a novel chemical surface treatment has been

speci�cally developed in ENEA laboratories for the corrosion protection of Molten

Carbonate Fuel Cell (MCFC) stainless steel bipolar plates. The method produces

dense and adherent layers of perovskite coatings onto stainless steels substrates

in molten alkali carbonate salt systems. For its novelty, this conversion coating

method has been recently patented [75], using eutectic alkali carbonates as a suitable

molten salt system. With respect to common deposition techniques (e.g. spray

coating, plasma spray, PVD) this dip-coating process would be characterized by

the relative absence of geometric constraints of the object to be coated (not line-

of sight dependent), theoretically allowing to passivate objects of complex shapes.

Research work on this novel chemical coating method has been also published by

the inventors subsequent to the patent �ling date (2010). Results described in

literature are promising and show that the perovskite coating layers produced by

the conversion treatment are stable and protective against corrosion of stainless

steels in MCFC environments [8, 76]. Based on these previous studies, one purpose

of this thesis is to verify the possibility to extend the application of this chemical

conversion coating method to the SOFC protection technology which could place

the basis for an e�cient and highly versatile coating protection method to be used

indi�erently for any type of high temperature fuel cell systems.

In this molten salt method, a protective LaFeO3 conversion coating is formed by

reaction of a stainless steel surface with a lanthanum oxide reactant dissolved in the

molten carbonate salt bath. Previous studies have clearly proven that perovskite

oxide coatings on austenitic [76] and low-chromium ferritic [8] stainless steels can be

produced with homogeneous and controlled structures at relatively low temperatures

(approx. 600 ◦C). Under the oxidizing/basic conditions of the carbonate salt bath,

iron is the only element su�ciently active to react with lanthanum to generate an

iron oxide stabilized in a perovskite oxide structure, whereas chromium (and nickel,

if present in the alloy) is selectively dissolved in the carbonate bath, thus resulting
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Figure 1.13: Schematic picture of the formation process of a La-Fe perovskite con-
version coating by (a) dissolution-precipitation and (b) precursor-template processes
[8].

in the formation of a Cr-free LaFeO3�based perovskite coating layer. Morphology

of the produced coatings can be controlled tailoring the bath composition. Thick

layers (>10µm thickness) can be obtained in highly basic environments exploiting a

dissolution-precipitation mechanism, while opportune additive addition will promote

the formation of thin coatings (micron size thickness) through a template-conversion

mechanism, as schematically reported in �gure 1.13 [8].

With LaFeO3 perovskites characterized by an opportune CTE value (approx.

10−6K−1 between room temperature and 1000◦C [77, 78]), the exploitation of the

deposition method to SOFC suitable alloys could represent a promising strategy to

obtain chromium free and dense perovskite coatings. Its application is discussed in

chapter 4.

It is well known that electrical properties of lanthanum ferrite perovskites are

highly in�uenced by defect chemistry of the material and signi�cant variations can be

obtained by partial substitution of both lanthanum and iron cations with alkali earth

or transition metals. Thus, for instance, reported electronic conductivity of undoped

LaFeO3 material at 700°C is in the 0.1-1 S/cm range, which increases by several

orders of magnitude upon partial Ca substitution on La site of the perovskite lattice,

with a maximum conductivity of ca. 80 S/cm for a La0.85Ca0.15FeO3 perovskite

composition, or upon Fe substitution with divalent transition metals such as Co [77,

79].

In comparison to a direct perovskite lattice doping, secondary-phase addition

could be a di�erent way to increase electrical conductivity of a thick-�lm coating

with a perovskite structure. Possibility of using a two-phase composite approach

for enhancing electrical conductivity of perovskite materials is not a new concept
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and it has been variously reported in literature. In particular, several studies on

magnetoresistive properties of polycrystalline manganite perovskites indicate that

electrical conductivity can be greatly enhanced by phase addition of transition metal

or metal oxide particles of silver [80�83], copper [84, 85] or cobalt [86]. High con-

ductivity of the added particles and their tendency to segregate at boundaries and

surfaces of the perovskite grains have been reported as major factors leading to an

improved electrical transport through a two-phase composite manganite perovskite

structure.

The development of the molten carbonate method to produce metal-perovskite

coatings, exploiting chemical equilibria described in next sections, is discussed in

chapter 5.

On chemical equilibria in molten alkali carbonates

Acid-base properties of the melt Molten alkali carbonates represent complex

ionic systems. Several chemical equilibria a�ect acid-base and oxidizing properties

of the melts. In particular, in equation (1.6) is reported an acid-base reaction

(Lux-Flood acid-base model) involving oxide ion transfer between a base (carbonate

anion) and the CO2 gas, that behaves as the acidic component of the system (oxide

ion acceptor). The equilibrium constant K(1.6) is in�uenced by the temperature

and the components of the melt.

CO2−
3
⇀↽ CO2 +O2− (1.6)

K(1.6) =
aO2− · pCO2

aCO2−
3

(1.7)

Further important acid-base reactions in�uence the oxidizing power of the melt,

such as the reactions involving the formation of O2−
2 (peroxide) and O−

2 (superoxide),

as follows respectively from equations (1.8) and (1.9).

1

2
O2 +O2− ⇀↽ O2−

2 (1.8)

3

4
O2 +

1

2
O2− ⇀↽ O−

2 (1.9)

The two reactions can be related by the disproportion reaction of superoxide ion,

as reported in equation (1.10).

2O−
2
⇀↽ O2−

2 +O2 (1.10)
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K(1.10) =
aO2−

2
· pO2

a2
O−

2

(1.11)

K(1.10) is reported to be ca. 0.11 at 723 ◦C for a binary lithium-sodium carbonate

eutectic salt [87]. Therefore, with presence of appreciable amounts of oxygen in

the supernate, oxide and peroxide ions are almost fully converted to superoxide,

while in oxygen-lean atmospheres, oxide and peroxide are more important species

than superoxide ions. The redox power of a carbonate melt is controlled by the

amount of molecular oxygen and reactive oxides species dissolved in the melt. Since

chemical stability of reactive oxide species greatly improves in basic melts, this

implies that the oxidizing power of carbonate salts considerably increases along with

melt basicity. Energetic considerations also indicate that stability of the peroxide

compared with that of oxide and superoxide anions increases with decreasing the

size of the alkali cations [88]. Thus, peroxide is largely predominant over superoxide

concentration in lithium-sodium eutectic carbonate under basic conditions, namely

CO2-lean gases. At 750 ◦C, for instance, its concentration is of the order of 10−5

mol fractions, which is a value 100 to 1000 times higher than under acidic conditions

[89]. The addition of further species to the molten carbonates can additionally

in�uence the oxidizing property of the bath. In particular, it has been observed

that the addition of magnesium oxide or lanthanum oxide in the melt can result

in oxide bu�ering systems through the formation and dissociation phenomena of

oxycarbonate species. This produces signi�cant increase of peroxide and oxide ion

concentration and therefore melt basicity [90, 91].

Metals corrosion and solubility Metal corrosion in molten salts is usually char-

acterized by two steps: the oxidation of the metal and the dissolution of the oxide

scales. The oxidation phenomena is obviously linked to the availability of oxidant

species, that may have to di�use through the melts or to develop by dissociation of

oxides, and can be described by equation (1.12) [92, 93]:

Me+ CO2−
3
⇀↽MeO + CO2 + 2e (1.12)

Solubility of the formed oxides is highly in�uenced by the acid-base chemistry of

the molten carbonate melts. For instance, transition metal oxide solubility has been

the subject of most previous studies because of its relevance to the development of

NiO cathode materials in molten carbonate fuel cells [94�98]. Nickel oxide solubility

is in general relatively low under typical fuel cell cathode condition, characterized

by low basicity, although it may extensively vary depending on molten carbonate
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composition, temperature and gas atmosphere. In particular, in oxide ions rich

melts, basic dissolution modes prevail, meaning that metal oxides dissolve through

the reaction with oxide ions to form soluble complex anions as indicated in equation

(1.13) and (1.14):

NiO +O2− ⇀↽ NiO2−
2 (1.13)

2NiO +O2− +
1

2
O2 ⇀↽ 2NiO−

2 (1.14)

Quantitative measurements indicate that NiO solubility may vary by two/three

order of magnitude with melt basicity [95], and similar results have been reported

also for copper or silver oxide, suggesting that high solubility of these metal ions

can be obtained through opportune addition to the molten carbonate, allowing to

hypothesize the exploitation of Ni, Cu and Ag as reactants in the above mentioned

systems.

Regarding other elements, chromium tends to form highly soluble chromates.

Several iron oxides can be formed in molten alkali carbonates, namely FeO, Fe3O4,

Fe2O3 and lithiated species [99].

The exposure of complex alloys is characterized by several oxidation processes.

Solubility of the oxidized species and further oxidation of the alloying elements are

as expected well connected, due to the possible di�erent solubility of the corrosion

products. In ferritic stainless steels exposed to molten Li/Na carbonates, a dual-

structured oxide scale is usually formed. An outer layer of lithiated iron oxide

characterized by low solubility, left by chromate dissolution in the melt, acts as a

protective layer for an inner layer composed by a chromium-rich oxide. The outer

layer protects the sublayer from further carbonate attack, that would otherwise

cause other chromate formation, while the corrosion of stainless steels is controlled

by the stability of the chromium-rich layer, characterized by low di�usivity of metal

ions to the surface [100].

The nature of the iron oxide is dependent on the environment: while a protective

LiFeO2 oxide is commonly formed in most of the conditions [100], lithiated spinel

formation (e.g. LiFe5O8) seems promoted in oxygen-lean baths at low temperature

(e.g. 580 ◦C) [101].

Galvanic coupling in molten carbonates Galvanic corrosion can be regarded

as an electrochemical process in which one metal corrodes preferentially to another,

occurring when both metals are in electrical contact in the presence of an electrolyte.

The presence of several di�erent metal ions in the molten carbonate bath leads
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therefore to consider the occurrence of such phenomena. In particular, the reaction

reported in equation (1.12) can be related to the following equilibrium potential:

E = E0(MeO,CO2/Me,CO2−
3 )− RT

2F
ln
aMe · aCO2−

3

aMeO ·PCO2

(1.15)

In table 1.3 some oxidation reductions of metals evaluated in this work are re-

ported with the standard redox potentials calculated at 600 ◦C versus the CO2/O2/Au

electrode (as standard in molten carbonate environments). Nobility of the metals

proceeds similarly as in more common environments (e.g. aqueous solutions), with

chromium (a strong reducing agent) characterized by highly negative potential, and

silver (a strong oxidant) slightly positive.

Table 1.3: Standard redox potentials for oxidation of various metals (vs.
CO2/O2/Au SRE electrode) at 873 K

Reaction E0

2Cr+3
2
O2 ⇀↽ Cr2O3 -1.65

Fe+1
2
O2 ⇀↽ FeO -1.07

Ni + 1
2
O2 ⇀↽ NiO -0.82

Cu+1
2
O2 ⇀↽ CuO -0.40

2Ag + 1
2
O2 ⇀↽ Ag2O 0.12

It has been previously observed that accelerated corrosion of the less noble metal

and reduction of the more oxidant can take place for instance in multi-phase Ni/Cu

alloys [102]. The presence of several transition or noble metal ions in the molten

carbonate melts may therefore give rise to the formation of galvanic couples, if their

corrosion potentials in the melt are di�erent. As shown in chapter 5, this may be

exploited to promote the formation of metal/perovskite composite coatings.
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Chapter 2

Materials and methods

Mn-Co spinels

To study the mechanochemical behaviour of Mn-Co and Fe, Cu doped Mn-Co ox-

ides, the compositions reported in table 2.1 have been evaluated. The samples were

obtained mixing appropriate amounts of metal oxides, namely Mn3O4 (97%, Sigma

Aldrich), Co3O4 (99%, Sigma Aldrich), CuO (99 %, Carlo Erba) and Fe2O3 (99 %,

Carlo Erba). Approximately 8 g of powder were milled for each synthesis. The

HEBM process was carried out in a SPEX 8000M mixer mill, using steel vials and

steel balls in a 10:1 ball to powder weight ratio. To avoid oxidation of the powders,

the milling vials were sealed in argon atmosphere. To evaluate the mechanochem-

ical response, the HEBM treatment was carried out for di�erent milling times, as

explained in section 3.1.

For the results reported in section 3.2, the powders were subjected to 10 h

of treatment. After the milling treatments, EDX analyses have been successfully

carried out to exclude the presence of chromium that could highlight chemical con-

tamination from the milling equipment.

Room temperature X-Ray di�raction analysis (XRD) was carried out on a SEIFERT

PAD VI di�ractometer equipped with Mo Kα radiation source and a LiF monochro-

mator on the di�racted beam, on an angular dispersion X-ray di�ractometer (Ital-

structures, INEL curved position sensitive detector) using a Fe Kα1 monochroma-

tized source and on a Bruker D2 equipped with a Co Kα source. The high tem-

perature XRD analyses were carried out using the angular dispersion di�ractometer

coupled to a heating reactive chamber (Anton Paar Gmbh) in air (section 3.1- 3.2)

and in He/H2 5% atmosphere, 50 ml/min �ow (section 3.2).

Quantitative phase analysis (QPA) was carried out by means of Rietveld analysis.

The full-pro�le Rietveld re�nement method [103, 104], implemented into the MAUD

software [105], permitted to perform numerical QPA. Preliminary structural data
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Table 2.1: Sample nomenclature, metal composition, corresponding spinel composi-
tion and section of the thesis where the sample is described:

Sample name
Metallic ratio

Corresponding composition Section
Mn Co Fe Cu

MnCo2 0.33 0.67 0 0 MnCo2O4 3.1, 3.2

Mn1.25Co1.75 0.42 0.58 0 0 Mn1.25Co1.75O4 3.2

Mn1.5Co1.5 0.5 0.5 0 0 Mn1.5Co1.5O4 3.1, 3.2

MnCo1.8Fe0.2 0.33 0.6 0.07 0 MnCo1.8Fe0.2O4 3.2

MnCo1.6Fe0.4 0.33 0.53 0.14 0 MnCo1.6Fe0.4O4 3.2

MnCo1.8Cu0.2 0.33 0.6 0 0.07 MnCo1.8Cu0.2O4 3.2

MnCo1.6Fe0.2Cu0.2 0.33 0.53 0.07 0.07 MnCo1.6Fe0.2Cu0.2O4 3.2

Mn1.33Co1.17Cu0.5 0.44 0.39 0 0.17 Mn1.33Co1.17Cu0.5O4 3.2

Mn1.57Co0.93Cu0.5 0.52 0.31 0 0.17 Mn1.57Co0.93Cu0.5O4 3.2

Mn2.05Co0.45Cu0.5 0.68 0.15 0 0.17 Mn2.05Co0.45Cu0.5O4 3.2

were obtained by the ICSD database [106]. A well crystallised KCl standard sample

[107] was prepared and utilised to calculate the instrumental broadening of the

di�ractometer.

The numerical goodness of the �ts was evaluated with a weighted-pro�le param-

eter Rwp = [
∑
wi(y0i−yi)2∑
wi(y20i

]
1
2 , where for each ith point of the spectrum y0i and yi are

respectively the observed and simulated intensity and wi is a weight factor. The

parameters re�nement procedure was iterated until Rwp<0.15.

Generally a Rietveld phase content analysis performed on well de�ned patterns

coming from micro-crystalline powders (i.e. sharp and well de�ned peaks) produces

quantitative data a�ected by relative error values as low as 1% [108]. However pat-

terns coming from milled powder mixtures are composed of broad peak pro�les, as

normally expected by the nanosized crystalline domain. In addition the structural

a�nities of the examined oxides further a�ect the error evaluation due to signi�cant

overlapping of similar patterns. However, despite the non-ideality of the analysed

patterns, obtained quantitative phase content results were characterized by maxi-

mum acceptable error values lower than 5%.

On the basis of the compounds previously identi�ed by qualitative analysis, crys-

tallographic models were properly chosen for every pattern. Pristine crystallographic

models are reported in table 3.1. Starting from 2.5 h milled sample, cell parameters

of phases and their relative content were calculated. Obtained results were utilised

as input parameter for patterns coming from the successive milling time. Nucleation

of new phases was taken into account when requested by qualitative pattern analysis

results. High angle re�ections permitted to avoid physically unacceptable numerical

convergences in cell parameters, such as for Co3O4 and MnCo2O4 phases. Con-
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cerning quantitative analysis performed on in situ XRD patterns collected during

the thermal treatments, re�ned data obtained from room temperature experiments

were used as starting structural data for the 200 ◦C pattern. For higher tempera-

ture spectra, re�ned output of the previous temperature step pattern was utilised

as input data. Due to the presence of interfering re�ection produced by the reactive

chamber the analysed range was limited to the range 20°<2Θ<60°.

Morphology of the samples was evaluated by means of Scanning Electron Mi-

croscopy (SEM) equipped with Energy Dispersive X-ray microanalysis (EDX) and

Nitrogen adsorption at 77K(Quantachrome Autosorb iQ). In the evaluation of the

adsorption isotherms, BET method [109] was applied to calculate the speci�c sur-

face area (SSA). The particle size l was calculated as l = 6
SSA · ρ , where ρ is the

crystallographic density.

Thermogravimetric analysis was carried out using a Perkin Elmer thermobalance

(Pyris Diamond TG/DTA, Perkin Elmer). The measurements were conducted with

di�erent procedures and atmospheres:

� From room temperature to 1200 ◦C with 60 minutes of dwell time and 5
◦C/min heating and cooling rate, in air �ow (50 ml/min), to evaluate the

thermal behaviour in air atmosphere.

� From room temperature to 800 ◦C with 60 minutes of dwell time and 10
◦C/min heating and cooling rate, in Ar/H2 5% �ow (50 ml/min ), followed by

a similar scan carried out in air �ow (50 ml/min), to evaluate the behaviour

of the powders during treatments in reducing atmosphere and subsequent re-

oxidation.

Peak �tting of DTG curves acquired in reducing atmosphere was carried out

using the Fityk software [110] simulating the peaks by means of Fraser-Suzuki func-

tions [111]. As explained later in section 3.1, each curve was simulated assuming

one single peak for the spinel reduction phenomena and one single peak for Co, Fe

and Cu reduction.

Dilatometric measurements were performed in a push-rod dilatometer (DIL 402C,

NETZSCH). To evaluate sintering behaviour, consolidated pellets of about 6 mm

diameter length were obtained by uniaxial cold pressing (3.5 t/cm2). Sintering

behaviour in air was evaluated up to 1200 °C with a heating and cooling rate of 5
◦C/min. Sintering behaviour in reducing atmosphere and reoxidizing condition were

carried out up to 800 ◦C with 1 h of dwell time with a heating rate of 5 ◦C/min,

respectively in N2/H2(5%) �ow (50 ml/min) and air atmosphere.

Thermal expansion measurements were carried out in air with a heating rate of 10

°C/min, on pellets of about 6 mm diameter and 2.5 mm height sintered as explained
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Table 2.2: Nominal composition of the ferritic alloys used in this work:

steel 405 441/K41 Sanergy HT Crofer 22H
element avg. avg. avg. min max

Cr 13.9 17.8 21.2 20 24
Fe bal
C 0.06 0.018 0.04 0.03
Mn 0.4 0.3 0.3 0.8
Si 0.44 0.6 0.12 0.1 0.6
Al 0.25 0.017 0.1
W 0.1 1 3
Nb Nb+Ti=0.65 0.71 0.2 1
Ti 0.09 0.02 0.2
La 0.04 0.2
P 0.024 0.01 0.05
Ni 0.24 0.8 0.5
Cu 0.02 0.5
Mo 0.96
N 0.027

late in section 3.2. Average CTE was calculated between room temperature and 800

°C as: CTE = 1
L0

· ∆L
∆T

, where L0 is the initial length and ∆L represents the length

change occurring in the ∆T temperature range.

To assess electrical conductivity, pellets of about 10 mm diameter and 0.5 mm

height and were obtained by uniaxial cold pressing (3.5 T/cm2) and sintered simi-

larly to thermal expansion samples. The conductivity was measured by applying the

Van der Pauw method [112] (PAR273A potentiostat coupled to a HP 3457A multi-

meter) in the 500�800 ◦C temperature range. Activation energy Ea was calculated

from the Arrhenius plot obtained using the formula: σ = σ0
T
e−

Ea
kT , where σ is the

conductivity, T the temperature, σ0 the pre-exponential factor, Ea the activation

energy and k the Boltzmann's constant.

La-Fe perovskites

Several commercial ferritic alloys have been used in this work, namely SS405, K41,

Sandvik Sanergy HT (SSHT) and ThyssenKrupp Crofer 22H. The nominal compo-

sition of the alloys is reported in table 2.2. Before the molten carbonate treatment,

steel samples of suitable dimensions were mechanically polished with SiC abrasive

paper to 1200 grit �nish and cleaned with ultrasound in acetone.

The molten carbonate dip coating treatments have been carried out using several

salt formulations, based on a LiCO3-NaCO3 eutectic mixture (53:47). To the eutectic
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mixture, 1 mol% of La2O3 was added as basicity regulator and as required for

the formation of the La-Fe perovskite. Further additives were added as basicity

regulators to promote the growth of thick or thin coatings. Furthermore, for the

experiments reported in chapter 5, di�erent amounts of metal oxides were added. A

summary of the formulations utilized is reported in table 2.3.

Table 2.3: Summary of salt names and additives introduced in the eutectic LiCO3

- NaCO3 with 1 mol% La2O3, targeted coating morphology, level of basicity (with
respect to the salts used in this work), metal additions and thesis section where the
application is described:

Name Additives Morphology Basicity Metal Section

10Mg 10 mol% MgO thick high 4.1
3Mg 3 mol% MgO thick low 4.1

10Mg0.25X 10 mol% MgO thin high 4.2
0.25 mol% additive X

6Mg0.25X 6 mol% MgO thin medium 4.2
0.25 mol% additive X

10Mg0.10X 10 mol% MgO thin high 4.2
0.1 mol% additive X

3Mg2Cu 3 mol% MgO thick low Cu 5.1
2 mol% CuO

3Mg4Cu 3 mol% MgO thick low Cu 5.1
4 mol% CuO

10Mg1Cu 10 mol% MgO thick high Cu 5.1
1 mol% CuO

3Mg3Ni 3 mol% MgO thick low Ni 5.2
3 mol% NiO

6Mg1Ni 6 mol% MgO thick medium Ni 5.2
1 mol% NiO

10Mg1Ni 10 mol% MgO thick high Ni 5.2
1 mol% NiO

10Mg1Ag 10 mol% MgO thick high Ag 5.3
0.5 mol% Ag2O

Di�erent sample geometries have been adopted in this work. To study the passi-

vation mechanisms and tailor the experimental conditions, small samples of approx.

1cm side were built as electrodes soldering a gold wire to one side of the sample and

covering it with ceramic paste, as previously reported in [76, 113], allowing to follow

the passivation kinetics in situ through electrochemical methods. A schematic view

of the electrode geometry is reported in �gure 2.1a, while the image of an electrode

after the experiment is reported in �gure 2.1b.

To obtain the full coated samples for the oxidation experiments described in sec-
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(a)
(b)

(c) (d)

Figure 2.1: (a) Schematic view of the electrode samples processing geometry and
pictures of (b) a steel electrode, (c) the sample cage used to obtain full coated steel
samples and (d) steel foils after a passivation treatment.

tion 6.1, samples were enclosed in the steel cage reported in �gure 2.1c and subjected

to the passivation treatment. To produce the samples subjected to oxidation experi-

ments described in section 6.2.1-6.2.2-6.2.3, steel foils were cut to approx. 50X50mm

and suspended through a drilled hole as depicted in �gure 2.1d.

The passivation treatment has been carried out in Al2O3 crucibles, reported in

�gure 2.2a. Preliminary experiments with electrode samples were carried out in the

small crucibles, using approx. 50 g of salt. Scaled-up synthesis with foil samples

were carried out in the larger crucibles, using approx. 800 g of salt.

The experiments were carried out at various temperatures, as explained later in

the text, in the 550÷ 650 ◦C range. The tests were carried out with a CO2 gas

coverage, bubbling in the salt or �owing over the melt as explained later in the text.

To evaluate samples micro-structure, X-Ray Di�raction analysis has been carried

out on a SEIFERT PAD VI di�ractometer, equipped with Mo Kα radiation and a

LiF monochromator on the di�racted beam, and on an angular dispersion X-ray

di�ractometer (Italstructures, INEL curved position sensitive detector) using a Fe
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(a) (b)

Figure 2.2: Picture of the Al2O3 crucibles used for the small scale experiments (a,
left) and scaled up passivation process (a, right), the latter depicted during operation
(b) with the Al2O3 rods used to insulate the thermocouple and to provide gas �ow.

Kα1 monochromatized source.

To evaluate samples morphology, Scanning Electron Microscopy coupled with

Energy Dispersive X-ray microanalysis (EDX) was carried out on a JEOL JSM-

5510LV instrument. Sample cross-sections for SEM analysis were conventionally

prepared by sectioning, hot mounting with epoxy thermosetting resins and standard

polishing procedures.

Electrochemical characterization of perovskite conversion coatings

Standard electrochemical potentials reported in table 1.3 and in chapter 5 have

been calculated with the HSC Chemistry for Windows (5.1) software with respect

to the standard oxygen electrode, constituted by a gold electrode in an eutectic LiK

salt under 1 atm of CO2(67%)/O2(33%) gas, constituting the Standard Reference

Electrode (SRE) in molten carbonates.

In the current work, a simple gold wire probe inserted directly in the same cell

was used as a internal pseudo-reference electrode. As previously reported [76], this

pseudo-reference electrode is characterized by stability and reversibility with respect

to the SRE. The gold electrode immersed in a carbonate melt under a CO2 gas, even

with trace levels of O2, can be in fact assumed to be thermodynamically equivalent

to a very dilute oxygen electrode [87, 114], according to the following equilibrium:

CO2 +
1

2
O2 + 2e ⇀↽ CO2−

3 (2.1)

The evaluation of the Open Circuit Potential (OCP) is commonly adopted in the

analysis of conventional chemical conversion processes in water solution for several
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purposes, such as the analysis of reaction mechanisms, of the passivation kinetic and

of the in�uence of the process parameters (e.g. temperature, time, reactant concen-

tration) on the interfaces. In this work, its measurement in the molten carbonate

bath is carried out to evaluate the passivation degree of the steel samples. This can

be evaluated in terms of the Mixed Potential corrosion theory: the passivation of an

active surface can be considered as a form of inhibition of the anodic process, due

to the drastic reduction of the rate of metal dissolution by the passivation �lm, and

can be described by and increase of the Tafel anodic curve slope. The limitation of

the anodic dissolution current will thus promote the shift of the corrosion potential

(the meeting point of anodic and cathod curves) towards the cathodic compensation

reaction potential [115]. The formation of an e�ective passive layer can be therefore

suggested by the ennoblement of the OCP, as already seen in the case of a similar

system in [8, 76].

Oxidation experiments

Passivated samples have been subjected to oxidation tests to evaluate the coating

layer stability, carrying out the experiments in air and in dual atmosphere (air/H2)

conditions.

Coupons exposed in air were placed in alumina vessels and inserted in furnace

systems, performing the experiments at 700 ◦C in static ambient air (3vol% average

moisture content).

Experiments carried out in dual atmosphere were conducted by exposing the

coupons to simulated anode and cathode typical SOFC operating conditions. At

the scope, a SOFC button cell test apparatus speci�cally adapted to allow ASR

measurements during oxidation was adopted, reported in �gure 2.3. A platinum

gauze, 100 mesh, was used as cathode current collector, while a nickel one was em-

ployed as the anode current collector for measuring ASR. In this case, contact paste

was not used to optimize the interfacial contact between steel coupons and current

collectors, since purpose of these ASR measurements was detection of abrupt changes

in surface resistivity rather than obtaining absolute values with high accuracy. Fur-

thermore, the absence of the paste allowed an easy microscopic examination of the

steel coupon surfaces after testing. The steel coupons were mounted on an alumina

base and �xed to it by means of a high temperature refractory paste, which after

being baked under the manufacturer's speci�ed conditions plays two roles: to hold

the sample in place and avoid gas leakages from air chamber to hydrogen chamber

and vice-versa. Then the coupons were inserted in a high temperature furnace, to

reach the operating temperature. A schematic overview of the experimental appa-
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Figure 2.3: Schematic representation of the experimental set-up used for the dual
atmosphere ASR measurements.

ratus is depicted in �gure 2.3. ASR/dual atmosphere tests were conducted at 700
◦C by exposing the coupons to typical SOFC operating conditions, according to the

FCTESQA standard conditions [116] (anodic �ow:H2 35 ml/min, gas humidity: 3%,

cathodic �ow: air 83 ml/min, gas humidity 3%) and the ASR was monitored by

electrochemical impedance spectroscopy (EIS) measurements, carried out using a

Solartron 1260 frequency response analyzer (FRA) module coupled with a Solartron

1287 Electrochemical Interface. ZView software for Windows was employed to pro-

cess the EIS data. Impedance spectra were recorded imposing a frequency scan

from 100 kHz to 0.1 Hz, with an amplitude of 10mV; measurements were repeated

at regular intervals, typically at 24 h periods.

Exposed samples were characterized by means of XRD and SEM analysis simi-

larly as reported in previous section.
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Chapter 3

Mn-Co spinels by mechanical

activation

Cobalt-manganese spinels have been widely identi�ed in literature as promising coat-

ing materials for ferritic alloys to be adopted in SOFCs. These materials possess the

requested stability in cathodic environments (highly oxidizing environments with

water vapor at high temperature), su�cient electrical conductivity and compatible

thermal expansion characteristics. Several studies have been reported in literature

proving the e�ectiveness of Mn-Co coatings and the possibility to further enhance

the coating properties through compositional tailoring. Most of the results reported

in literature, however, are focused on the application and functional properties of

coatings, rather than on the basic chemico-physical properties of such systems, leav-

ing some uncovered areas such as the evaluation of the e�ect of composition on

thermal expansion behaviour.

Considering however Mn-Co spinels as a mature material, and identifying the

need for the large-scale application, focus of this chapter has been directed on the

evaluation of cost-e�ective and environmentally friendly synthesis methods, such as

the High Energy Ball Milling technique, and processing variables evaluation, such

as sintering mechanisms in air and in reducing atmospheres, to further bring these

materials and related coating technologies near to the �nal targets required for full

SOFC market penetration.

In this chapter are therefore reported the results related to the mechanochemical

processing of mixed Mn-Co oxides (section 3.1) and the properties of Mn-Co and Cu,

Fe doped processed powders, focusing on high temperature spinel stability, sintering

behaviour in air and in reducing atmospheres, thermal expansion and electrical

conductivity (section 3.2).
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Figure 3.1: X-Ray Di�raction patterns (Mo source) of the Mn1.5Co1.5 powder mix-
ture subjected to di�erent milling times.

3.1 Mechanochemical processing of Co-Mn spinels

3.1.1 Mechanochemical evolution of powder mixtures

The energy transfer phenomena occurring between the colliding balls and the trapped

powder, taking place during the HEBM treatment, give rise initially to signi�cant

comminution and intimate mixing of highly defective powders. This �rst activation

step promotes solid-state reactions among the starting reactants at particles inter-

faces consisting in the nucleation and growth of new crystalline phases. In �gure 3.1

and 3.2 the XRD patterns collected at di�erent milling times are reported, respec-

tively for Mn1.5Co1.5 and MnCo2 samples, while in �gure 3.3 QPA results obtained

from the patterns re�nements are summarized.

Phase evolution observed in the HEBM treatment of Co-Mn mixed oxides clearly

re�ects both comminution and reaction phenomena. Starting from the Mn1.5Co1.5

composition, after 2.5 h of milling XRD patterns evidence the characteristic di�rac-
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Figure 3.2: X-Ray Di�raction patterns (Mo source) of the MnCo2 powder mixture
subjected to di�erent milling times.

tion of the starting reactants, Co3O4 (JCPDS card N. 42-1467) and Mn3O4 (JCPDS

card N. 24-0734). Signi�cant peak broadening is visible, ascribable to nanostruc-

turation and defectivity. After 10 h of milling, two new phases nucleate: a cubic

spinel phase, identi�ed as MnxCo3−xO4 with x∼2, and a bixbyte-type phase, labeled
as Mn2−yCoyO3 with y∼2, as identi�ed by comparison with MnCo2O4 (JCPDS card

N. 23-1237) and Mn2O3 (JCPDS card N. 24-0508) di�raction cards. After 20 h of

milling time, peaks related to Mn3O4 are no more recognizable.

In the following milling steps a signi�cant growth of the MnxCo3−xO4 and a slight

growth of Mn2−yCoyO3 phases is observed at the expenses of the Co3O4 precursor,

fully consumed after 65 h of milling. After 100 h of milling, peaks ascribable to the

bixbyite vanish, while appear peaks ascribable to the presence of an ilmenite-type

oxide, identi�ed as Co1−zMnzO3 in by comparison with CoMnO3 12-0476 JCPDS

card. This phase is probably originated by the relevant insertion of Co ions in the

cubic bixbyite-type oxide, causing a trigonal distortion in the lattice.

Regarding MnCo2 composition, XRD patterns and QPA evolution are simi-

41



Mechanochemical processing of Co-Mn spinels

Figure 3.3: Quantitative phase analysis results (weight%) of (a) Mn1.5Co1.5 and
(b) MnCo2 samples as a function of milling time.

lar to those described for Mn1.5Co1.5 composition. Nevertheless, a faster Mn3O4

disappearance is noted, and the only reaction product is the mixed cubic spinel

MnxCo3−xO4 phase, with reaction complete after 65 h.

The qualitative analysis of the pattern sequence can help to gather further in-

formation on the compounds evolution during the milling process. As clearly high-

lighted by the 20 h and 30 h patterns in the 15-18 and 27-30 2Θ range, the cubic

MnxCo3−xO4 phase co-exists with the cubic Co3O4 spinel, and the peaks of cobalt

oxide do not show relevant shifts during the whole milling sequence.

This is particularly evident in the MnCo2 composition, and suggests a high

mechanochemical stability of the Co3O4 precursor network with minimal (or neg-

ligible) solubilization of Mn ions. The Co3O4 network does not act as a template

for the formation of the �nal cubic spinel, but as a source of metal ions for the

mixed Mn-Co spinel growth. On the other hand, Mn3O4 appears to be poorly sta-

ble with respect to the mechanochemical process: in fact, during the �rst few steps

of the milling process it can be observed the signi�cant broadening of its peaks and

a progressive decrease in its relative content, suggesting the occurrence of a fast

nanometrization process.

In table 3.1 the starting crystallographic parameters of the phases adopted in the

Rietveld analysis are reported. Table 3.2 reports crystallographic data obtained by

the Rietveld full-pattern analysis of collected di�ractograms both for Mn1.5Co1.5

and MnCo2 samples. The overview of these data reinforces previous considerations

of the reactant stability to HEBM. The Co3O4 cubic cell exhibits a very small

tendency to grow during the mechanochemical process for both mixtures, reaching
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values of ∼ 8.10 Å. This growth suggests a noticeable but not massive Mn inclusion

in the cubic lattice. On the contrary, Mn3O4 lattice parameters in all cases show

signi�cant distortions with respect to the theoretical values, con�rming the low

stability of the Mn3O4 lattice with respect to Co3O4 toward the HEBM treatment.

The cubic MnxCo3−xO4 spinel formed during the HEBM process in both treated

composition is initially characterized by a large cell constant (close to 8.3 Å) and

exhibits a decreasing trend during the process. The nucleation of this phase occurs

in the �rst few milling steps, along with Mn3O4 disappearance. This suggests that

the cubic spinel lattice initially formed could be rich in Mn content, and during the

process enriches in cobalt, gathering metal ions from the Co3O4 reactant.

As expected from the higher Co content of the pristine mixture, in Co:Mn = 2:1

sample MnxCo3−xO4 spinel has a shorter lattice parameter than in the Co:Mn =

1:1 compound. Considering 100 h of milling in Co:Mn = 2:1 sample, a pure phase

has been obtained, allowing us to assume the stoichiometry MnCo2O4 and compare

its lattice parameter with literature data. This value is slightly lower than that

reported in JCPDS library (i.e., a = 8.269 Å for JCPDS 23- 1237) but comparable

to values reported in literature for analogue compounds [44]. A slight cell shrinking

could be accounted to a partial oxidation of Mn3+ ions to Mn4+ ions in tetragonal

sites eventually occurring during the HEBM.

Regarding sideways products of Mn1.5Co1.5 mixture process, cell constants of

bixbyite and ilmenite phases slightly deviate from theoretical ones suggesting, re-

spectively, Co inclusion in the �rst and Mn abundance in the latter, and further

con�rming the fact that the trigonal lattice is formed by Co di�usion in the cubic

phase.

Finally, Rietveld data highlight the relevant comminution degree and lattice

destabilization e�ects induced by the milling action (see crystallite size and micros-

train results obtained from the microstructure analysis). Both 2:1 and 1:1 Co:Mn

ratio samples exhibit crystallite domains within the nanometric range for all ex-

amined process time. As it appears, the mixed cubic spinel phase MnxCo3−xO4

possesses microstrain value greater than 2%. Further milling and reaction induce

strain release and the values decrease down to about 1.2% and about 0.7% for

Mn1.5Co1.5 and MnCo2 powders, respectively.
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3.1.2 Powder morphology

The morphology of the starting reactants is reported in �gure 3.4. It can be observed

that both precursors are composed of micrometric particles.

SEM analysis on the milled powder did not allow to observe signi�cant morpho-

logical di�erences between the two observed composition. In �gure 3.5 are reported

SEM micrographs of MnCo2 milled powders obtained at di�erent milling times as

representative of both compositions. A milling treatment of 5 hours is enough

to transform the starting micrometric oxides mixtures into micrometric aggregates

composed of heterogeneously dispersed sub-micrometric particles. From 10 hours of

milling on, all examined samples denote a higher degree of homogeneity with parti-

cles smaller than 100nm. 100h milled samples exhibit �nally high homogeneity and

particle size of about 20-30nm. Further information on particles morphology can

be derived from nitrogen adsorption at 77K. Table 3.3 reports results of the BET

analysis and the Speci�c Surface Area (SSA) as calculated by BET data obtained

from selected samples. At 10 h of milling 22m2/g speci�c area values were obtained

for both mixtures denoting that the comminution degree is scarcely dependent on

the powders composition at the examined milling stage. The observed surface val-

ues correspond to mean equivalent spherical diameter of about 45nm, while a mean

crystallite size of about 20nm is calculated from XRD Rietveld analysis (Table 3.2).

Then, as con�rmed by SEM observation, at 10 h milling the powders are composed

of stable solid nanometric agglomerates containing smaller substructures. At 100

h milling mean BET particle size is halved with respect to that coming from 10

h milled powder (∼50 m2/g vs ∼22 m2/g), at the expense of a tenfold increase

in milling time. The particle size diameter as obtained by applying the spherical

equivalent model (19÷25nm), in comparison with SEM observations (see �gure 3.5)

and XRD crystallite mean sizes (see <D> in table 3.2) lead to conclude that also

at 100 h milling, the samples are composed of stable solid agglomerates contain-

ing smaller substructures, both in nanometric range. The XRD and morphological

evolution of powders during the mechanochemical treatment suggest that relatively

short HEBM treatment ensures su�cient activation of the oxides. 10h milling are

enough in fact to nanostructurate the powders and promote the nucleation of the

mixed spinel phase. Considering the following casting and sintering procedure nec-

essary to obtain a suitable interconnect coating, improvements in the morphological

and structural properties do not justify prolonged milling times. Ten hours milled

samples were then selected as suitable mixed spinel precursor and therefore investi-

gated further by means of thermal analysis.
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Figure 3.4: SEM micrographs of the Co3O4 and Mn3O4 precursors.

Figure 3.5: SEM micrographs of MnCo2 samples milled for di�erent time: (A,B)
5h; (C,D) 10h; (E,F) 100h.
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Table 3.3: BET speci�c surface area and particles size for di�erent samples:

Composition Milling Time BET Speci�c Surface Area BET Particles Size (l)*
(hours) (m2/g) (nm)

Mn1.5Co1.5 10 22±1 47±1
100 48±1 25±1

MnCo2 10 22±1 46±1
100 55±1 19±1

∗l = 6
ABET · ρ

3.1.3 High-temperature phase behaviour

In-situ high-temperature XRD measurements were performed in order to follow the

thermally induced solid state synthesis process of the desired single cubic spinel

phase from the 10 h milled samples. The obtained di�ractograms are reported in

�gure 3.6a-b, while phase content evolution of the mixtures as a function of the

applied temperature are shown in �gure 3.7a-b.

Analysing the Mn1.5Co1.5 powder, heating initially promotes the crystallization

of bixbyite and the growth of the cubic MnxCo3−xO4 spinel at the expense of the

Co3O4 phase. At 600 ◦C the solid state synthesis of the cubic spinel has started,

and it is complete at 700 ◦C, with the full consumption of starting reactants and

bixbyite phase. During the successive cooling stage, the formed cubic lattice remains

stable in the 800÷600◦C range, while at 500 ◦C the expected decomposition of the

high temperature spinel is observed, with nucleation of a tetragonal Mn2−wCo2O4

spinel phase (JCPDS card No.18-0408). Successive cooling to ambient temperature

does not lead to other structural changes. Analogously to the Co:Mn=1:1 case,

thermal XRD patterns of the Co:Mn=2:1 mixture, reported in �gure 3.6b show the

MnxCo3−xO4 spinel synthesis occurring above 500 ◦C. The full conversion of the

reactants in a single cubic spinel phase is almost complete at 700◦C. The formed

phase is stable upon cooling.

The above discussed study highlights once more the e�ectiveness of the HEBM

process in the reactant activation; the HEBM treated powders evolve rapidly to-

wards the expected equilibrium state (each measurement step requires about 20

minutes). On the contrary, pristine reactants (i.e. not subjected to HEBM) require

long processing times to complete the solid state reaction at high temperature. In

�gure 3.8 is reported the high temperature XRD pattern of the pristine Co:Mn=1:1

reactants mixture collected at 800 ◦C after 7h of isothermal treatment. Despite

the long reaction time, the powder pattern highlights presence of high quantities of

secondary phases, namely the Co oxide precursors and a Mn rich oxide.
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Figure 3.6: X-ray di�raction patterns (Fe source) of a) Mn1.5Co1.5 and b) MnCo2
samples milled for 10 hours collected at di�erent temperatures (heating and cooling
rates = 10 ◦C/min); (1) Co3O4, (2) MnCo2O4, (3) Mn3O4, (4) Mn2−yCoyO3, (6)
Mn2−wCo2O4, (#) sample holder.

Figure 3.7: Phase content (weight %) of Mn1.5Co1.5 and MnCo2 10h ball milled
samples samples versus temperature during heating and cooling stages, obtained
from QPA of XRD data reported in �gure 3.6.
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Figure 3.8: X-ray di�raction pattern (Fe source) of a Co3O4-Mn3O4 hand mixed
mixture (Co:Mn=1:1) collected at 800◦C after 7 hours of isothermal treatment: a)
mixed Mn-Co cubic spinel; b) Co3O4 precursor; c) mixed Mn-Co tetragonal spinel
originated by Mn3O4 decomposition and partial reaction.

3.2 In�uence of the composition on processed pow-

der properties

In view of large scale application, a relatively short milling treatment demonstrated

to be highly e�ective in terms of comminution and activation degree. In fact, in

situ thermal XRD analysis shows highly enhanced reaction kinetics: the processed

powders subjected to thermal treatment evolve quickly toward thermodynamic equi-

librium with rapid production of the expected phases. The synthesis method may

be therefore e�ective to produce powder mixtures of opportune compositions to be

applied through wet-powder deposition techniques. The desired high temperature

phase would be then formed during the sintering treatments, without the need for

powder calcination steps. Results reported in next section are therefore related to

the evaluation of processed powders characterized by di�erent chemical composi-

tions. Compositional tailoring of the powders should in fact allow to optimize the

material properties for the application, as described in section 1.3. Several composi-

tions, reported in table 2.1, were therefore subjected to the short HEBM treatment

and characterized by means of structural and processing variables, observing the

in�uence of di�erent Mn:Co ratio and metal doping (i.e. Cu, Fe) on room tem-

perature and high temperature phase stability (section 3.2.1), sintering properties

(section 3.2.2), thermal expansion (section 3.2.3) and electrical conductivity (section

3.2.4).
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3.2.1 Chemico-physical characterization

After the mechanochemical treatment, �ne black powders were collected for all the

compositions. The XRD patterns of the 10 hours milled powders are reported in �g-

ure 3.9. All the examined samples are characterized by similar patterns, comparable

with the spectra reported in �gure 3.1, with signi�cant peak broadening ascribable

to nanostructuration of di�ractive domains and lattice defectivity induced by the

HEBM treatment. The three Mn-Co samples evidence the residual presence of the

Co3O4 precursor phase (JCPDS card n. 42-1467). The observed asymmetry towards

lower angles can be related to the nucleation of a mixed MnCo2O4 phase (JCPDS

card n. 23-1237). Only the Mn1.5Co1.5 sample shows signals related to the Mn3O4

precursor phase (JCPDS card n. 24-0734).

Cu-containing samples show similar peak broadening. The Mn1.33Co1.17Cu0.5

pattern exhibits mainly re�ections compatible with the Co3O4 phase, with the al-

ready observed asymmetry towards lower angles. Small broadened peaks at 2Θ∼45
and 2Θ∼49 degrees are ascribable to the presence of CuO phase (JCPDS card n.

48-1548). Raising Mn content, re�ections related to Mn3O4 become evident, sim-

ilarly to what was observed for the Mn-Co samples. In the samples characterized

by lower Cu addition (i.e. 0.07 atomic ratio) clear evidences of CuO phase (JCPDS

card n. 48-1548) are not observed, suggesting low stability of CuO structure during

the HEBM treatment, most likely due to facile di�usion of small copper ions into

the spinel lattice during the mechano-chemical treatment.

Regarding Fe addition, the small broadened peak at 2Θ∼48 degrees is due to the
presence of highly destructured Fe2O3 phase (JCPDS card n. 33-0664), and are more

evident in the MnCo1.6Fe0.4 pattern, as expected due to the higher iron content. In

the case of copper containing samples, instead, in the MnCo1.6Fe0.2Cu0.2 pattern,

similar to what is observed for MnCo1.8Fe0.2 sample, features of a hematite phase

are visible.

The higher stability exhibited by the cobalt precursor phase in comparison with

to the Mn and Cu oxides with respect to the mechanochemical action is clearly

evident from these results. The Mn1.5Co1.5 sample, composed by similar Co and

Mn amounts, is characterized by Mn3O4 re�ections scarcely visible with respect to

the cubic Co3O4 phase peaks. Regarding copper oxide, it can be clearly observed

from the pattern related to the Mn2.05Co0.45Cu0.5 sample, that also the CuO phase

gets easily destructured during the milling, the CuO peaks being signi�cantly lower

and broader with respect to those of cobalt oxide. The observed phenomena can be

ascribed to the di�erence in hardness of the materials, with Co spinel characterized

by signi�cantly higher hardness with respect to Haussmannite (Mohs hardness: 5.5)
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Figure 3.9: X-Ray Di�raction patterns (Fe surce) (Fe source) of the doped Mn-Co
mixtures after 10 h of milling; (1) Co3O4, (2) Mn3O4, (3) MnCo2O4, (4) Fe2O3, (5)
CuO re�ections.

[117] and Tenorite (Mohs hardness: 3.5-4). The successive destructuration of the

crystalline phases easily promotes interdi�usion of Mn and Cu atoms in the Co

precursors phase or in the nucleating mixed spinel lattice.

Therefore, as shown in the XRD analysis, also in the case of the doped samples,

the 10h HEBM treatment does not produce a single equilibrium spinel phase but

some metastable mixture of metal oxides, similarly to what observed from QPA

results reported in section 3.1.

To evaluate powders morphology and mean particle size, nitrogen adsorption

measurements at 77 K were carried out. In table 3.4 BET speci�c surface area

and calculated mean particle size are reported. All the samples exhibit comparable

values, with Copper containing powders characterized by the lower BET area, sug-

gesting that Copper addition promotes higher aggregation degree. Mean particle

size ranges between 170 and 330 nm.

High-temperature behaviour in air

In order to evaluate how the composition in�uences the high temperature properties

of the samples, the milled powders were subjected to thermogravimetric analysis.

In 3.10 the curves acquired in air are reported.

All samples show a weight loss step ascribable to the departure of adsorbed

humidity. In the 200÷500 ◦C temperature range, a gradual weight increase can
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Figure 3.10: Thermogravimetric curves as a function of temperature for the di�er-
ent samples acquired in air; solid lines represent weight% change, dotted lines the
derivative.
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Table 3.4: BET speci�c surface area and particles size for di�erent samples:

Sample
BET Speci�c Surface Area BET Particles Size (l)*

(m2/g) (nm)

MnCo2 6.2±0.3 176±9
Mn1.25Co1.75 5.7±0.3 195±10
Mn1.5Co1.5 4.5±0.2 255±12
MnCo1.8Fe0.2 6.0±0.3 182±9
MnCo1.6Fe0.4 6.8±0.3 163±8
MnCo1.8Cu0.2 3.3±0.2 323±20

MnCo1.6Fe0.2Cu0.2 3.8±0.2 287±16
Mn1.33Co1.17Cu0.5 4.2±0.2 265±13
Mn1.57Co0.93Cu0.5 3.5±0.2 325±15
Mn2.05Co0.45Cu0.5 4.1±0.2 293±13

l = 6
ABET · ρ

be observed for all compositions. This phenomenon can be related to the powder

comminution and activation induced by the HEBM, carried out in Ar atmosphere.

Highly reactive new surfaces are produced during the mechano-chemical treatment

that interacts with oxygen already at low temperature giving rise to the oxida-

tion phenomena observed during the thermal treatment. Moreover, the HEBM

treatment induces a high degree of interdi�usion of the precursor oxides with solid

state reactions at the new interfaces, most likely with the formation of highly anion

defective lattices, due to the milling atmosphere. Subsequent �lling of the oxy-

gen vacancies may therefore occur when exposed to air at moderate temperatures.

The occurrence of similar weight gain phenomena and the existence of metastable

non-stoichiometric mixed valence spinels has been observed for similar systems and

ascribed to high reactivity due to high nanostructuration of the compounds [118],

and it is supposed that similar mechanisms occur here, due to the defectivity in-

duced by the HEBM treatment. Regarding the in�uence of the composition of

MnCo2−y−zFeyCuz on this weight gain step, it can be observed that the magnitude

of the weight gain increases following the order: MnCo1.6Fe0.4 <MnCo1.8Fe0.2 <

MnCo2 <MnCo1.6Fe0.2Cu0.2 <MnCo1.8Cu0.2. This can be related to the initial

powder composition: Co3O4 precursor is substituted with species characterized by

di�erent oxygen content (i.e. Fe2O3 and CuO), and it is likely to suppose that, with

Fe and Cu ions presence in the spinel lattice due to the mechano-chemical treatment,

the oxygen uptake of the metastable spinels will be inversely related to the initial

oxygen content.

Raising the temperature, in the 500÷700 ◦C temperature range, the Mn-Co,

MnCo2−y−zFeyCuz and Mn1.33Co1.17Cu0.5 samples show a similar gradual weight

53



In�uence of the composition on processed powder properties

loss, reaching a plateau for higher temperatures. In this temperature range, for

the Mn-Co samples the reaction between the activated precursors is expected [see

�gure 3.6]. The release of the extra oxygen content acquired during the previ-

ous weight acquisition step, followed by an interval of weight stability, is compat-

ible therefore with the reorganization of the metastable oxidized lattices to form

high temperature stable phases. Also in this weight change step a relationship

between the weight loss and the material composition of MnCo2−y−zFeyCuz sam-

ples can be observed: in particular, the weight loss increases following the order:

MnCo1.8Cu0.2 <MnCo1.6Fe0.2Cu0.2 <MnCo2 <MnCo1.8Fe0.2 <MnCo1.6Fe0.4.

The samples characterized by the higher initial oxygen content show therefore the

higher mass loss. The substitution of the Co2+/Co3+ precursor with higher or

lower oxidation state species, respectively Fe3+ from Fe2O3 and Cu2+ from CuO,

a�ects the oxidation behaviour of the milled powder both during the formation of the

metastable spinels and during the homogenization reaction that produce equilibrium

compounds. In section 3.1 we observed that during mechano-chemical treatment of

Mn and Co oxides the reaction proceeds through nucleation and growth of mixed

phases rather than through interdi�usion phenomena of the starting oxides. Ob-

serving how the thermal behaviour of the doped powders is in�uenced by the initial

composition, it is likely to suppose that also in the case of the Fe, Cu doped com-

pounds the formation of Fe and Cu doped phases occurs already during the milling

step with a similar reaction mechanism involved.

The Mn richest samples, i.e. Mn1.57Co0.93Cu0.5 and Mn2.05Co0.45Cu0.5, un-

dergo a further weight acquisition step before exhibiting weight loss. In section 3.1 -

�gure 3.6 we had observed how the presence of Mn-rich unreacted spinels could lead

to the oxidation of Mn3O4to Mn2O3 during heating, and it is likely to ascribe this

weight gain to a similar phenomenon. Raising further the temperature, the oxidized

compound reacts with the existing spinels, resulting in weight loss and formation of

spinel phases. The behaviour of the Cu-doped samples will be further investigated in

the next section by means of the outcome of in-situ high temperature XRD analysis.

Further heating over 1000 ◦C leads to an additional weight loss phenomenon for

all samples except Mn1.5Co1.5. Regarding Mn-Co samples, it is known that at high

temperature, a multi-phase boundary between spinels and reduced MeII oxide phases

exists for Co-Mn oxide mixtures [119], with equilibrium temperature increasing with

Mn content. The absence of the weight loss phenomena for the sample Mn1.5Co1.5

indicates for this composition a phase boundary temperature beyond 1200 ◦C. In

the case of Cu addition, a similar behaviour can be supposed, with a dual phase

region also for the mixed Cu-Mn-Co oxides. Unlike Mn-Co samples, the weight

loss is observed for all the compositions. Considering that the Mn2.05Co0.45Cu0.5
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Figure 3.11: In situ X-ray di�raction patterns (Fe source) of a) Mn1.33Co1.17Cu0.5,
b) Mn1.57Co0.93Cu0.5 and c) Mn2.05Co0.45Cu0.5 samples milled for 10 hours col-
lected at di�erent temperatures (heating rate = 10◦C/min); 1) Co3O4, 2) Mn3O4,
3) MnCo2O4, 4) Mn2O3, 5) Tetragonal mixed spinel phase, #) sample holder.

sample is characterized by an approximate 4:1 Mn:Co ratio, it is evident that copper

lowers signi�cantly the dual phase region boundary temperature. Co substitution

with Fe appears to extend instead the spinel stability region.

During the successive cooling stage, the weight loss associated to the high tem-

perature phase transition is recovered for all the stoichiometries, compatibly with

spinel stability at intermediate temperature. In the case of the MnCo1.8Cu0.2 sam-

ple, weight gain occurs in two steps, suggesting a multiple oxidation process that

could be due to multiple high temperature dual-phase regions, as observable in the

Cu-Co oxides phase diagram [120].

To further investigate the behaviour of the Cu doped samples upon heating, high

temperature in situ di�raction analyses were carried out on the ball-milled powders.

The patterns are reported in �gure 3.11.

Starting from the Mn1.33Co1.17Cu0.5 sample, the pattern collected at 400 ◦C

is substantially similar to that acquired at room temperature, con�rming that the

oxidation phenomena observed with TGA measurements do not involve reactions or

signi�cant nucleation of new phases. The reaction between the activated precursors

is instead evident at 500 ◦C, where the nucleation of a cubic spinel phase occurs.

Heating further, the reaction between the remaining precursors carries on, forming

a single cubic spinel phase. The weight loss observed in the 500÷700 ◦C by ther-

mogravimetric measurements can be associated therefore to the rearrangement of
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the metastable oxidized lattice, resulting in the nucleation of the high temperature

spinel. During cooling, no structural changes are evident, showing that the exam-

ined composition is characterized by a single phase nature in the room temperature

÷800 ◦C temperature range.

The initial evolution of Mn1.57Co0.93Cu0.5 sample is similar, with the nucle-

ation of a cubic spinel phase in the 400÷500 ◦C interval. At 600 ◦C re�ections

ascribable to the Mn2O3 phase (JCPDS card n. 24-0508) are visible, explaining the

thermogravimetric weight gain occurring in the 600÷700 ◦C range. The growth of

the spinel phase carries along with it the increase of peaks related to this Mn-rich

phase up to 700 ◦C. Between 700 ◦C and 800 ◦C the rising spinel phase and Mn2O3

react, and the pattern collected at 800 ◦C is ascribable to the presence of a single

spinel phase. During cooling, this phase is stable down to 500 ◦C. At 400 ◦C, re�ec-

tions ascribable to a tetragonal spinel phase similar to Mn2CoO4 (JCPDS 48-1548)

appear, indicating the decomposition of the high temperature cubic phase with the

formation of a dual phase compound.

Regarding the Mn2.05Co0.45Cu0.5 sample, coherently with thermogravimetric

results, nucleation of large amounts of the oxidized Mn2O3 phase occur already at

500 ◦C, along with the formation of a cubic spinel phase. The transformation of

Mn3O4 and Co3O4 precursor phases occurs between 500 ◦C and 700 ◦C, where only

Mn2O3 and the spinel phase are visible. Raising the temperature, Mn2O3 and the

spinel phase react, and at 800 ◦C the spinel phase formation is almost complete.

Similarly to what was observed for the Mn1.57Co0.93Cu0.5 sample, during cooling

the segregation of a tetragonal spinel phase is observed at a temperature value

between 700 ◦C and 600 ◦C.

High temperature behaviour in reducing/reoxidizing conditions

Transition metal spinels undergo in fact through several reduction steps when sub-

jected to reducing conditions at high temperature, with spinel structure decompo-

sition and segregation of metals and oxides. Such phenomena have been identi�ed

clearly in literature (e.g. [50]) and exploited to promote powders sintering but, to the

best of my knowledge, never investigated deeply in their mechanisms. To evaluate

the powders behaviour when exposed to a reducing treatments, and the in�uence of

composition on the occurring phenomena, the milled samples were subjected to ther-

mogravimetric analysis in Ar/H2(5%) atmosphere. The thermogravimetric curves

are reported in �gure 3.12.

During heating in reducing atmosphere, reduction of transition metal spinels to

form Me2+ oxides and metals is expected. As reported for similar systems, man-
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Figure 3.12: Thermogravimetric curves as a function of temperature for the di�erent
samples acquired in Ar/H2(5%) atmosphere.
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ganese complete reduction does not occur [50], while complete reduction to metals

of cobalt or copper has been reported [50, 60] and is expected for iron. The overall

reaction is reported in equation (3.1):

Mn3−x(Co, Fe, Cu)xO4 + (1 + x)H2(gas) →
x

3
MnO + x(Co, Fe, Cu) + (1 + x)H2O

(3.1)

The weight loss calculated following equation (3.1) is reported in table 3.5 in

comparison with the experimental weight loss measured after 1 h of dwell time at

800◦C. It can be observed that for all samples a good agreement between calculated

and measured experimental results is found, suggesting that for all compositions

complete reduction of Co,Fe,Cu and partial reduction of Mn to MnO occurs at

800◦C.

Table 3.5: Calculated weight loss as reported in equation (3.1) and experimental
data for TGA in reducing atmosphere:

sample theoretical weight loss (%) Experimental weight loss (%)

MnCo2 20.3 20.6
Mn1.25Co1.75 18.7 19.1
Mn1.5Co1.5 17.0 17.1
MnCo1.8Fe0.2 20.3 20.6
MnCo1.6Fe0.4 20.4 20.8
MnCo1.8Cu0.2 20.2 19.7

MnCo1.6Fe0.2Cu0.2 20.2 19.7
Mn1.33Co1.17Cu0.5 18.0 17.4
Mn1.57Co0.93Cu0.5 16.4 16.1
Mn2.05Co0.45Cu0.5 13.3 12.9

Regarding the shape of the thermogravimetric curves, several weight change

steps can be observed. Starting from the Mn-Co samples, two weight losses are

visible, respectively in the 400÷500 ◦C and in the 550÷700 ◦C range. It is likely

therefore to suppose that the spinel reduction occurs through an intermediate step

as represented in equation (3.2) and (3.3):

Mn3−x(Co, Fe, Cu)xO4+H2(gas) →
x

3
MnO+x(CoO+FeO+CuO)+H2O(gas) (3.2)

x

3
MnO+x(CoO+FeO+CuO)+xH2(gas) →

x

3
MnO+x(Co+Fe+Cu)+xH2O(gas)

(3.3)

The two weight loss steps would therefore be ascribed respectively to the loss

of 1 mol of oxygen due to the reduction of the spinel to Me2+ oxides and to CoO
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reduction to metallic cobalt. It can be furthermore observed that a higher Mn:Co

ratio increases reduction temperature of both phenomena.

Regarding Fe containing samples, the curves are similar to Mn-Co compositions,

with a noticeable broadening of the second phenomenon at high temperatures, most

likely ascribable to iron reduction reaction.

Cu containing samples exhibit instead signi�cantly di�erent features: The reac-

tion onset temperature is signi�cantly lower, suggesting that copper addition modify

the spinel stability in reducing conditions as well as in air. MnCo1.8Cu0.2 sample

is characterized by a large and broad weight loss in the 300÷600 ◦C range, similarly

to the MnCo1.6Fe0.2Cu0.2 sample, exhibiting the weight loss phenomena in the

300÷500 ◦C range. Raising further Cu doping and Mn:Co ratio, the transition on-

set and the curve shape remain similar, with di�erences in the weight loss magnitude

due to the di�erent compositions: Mn2.05Co0.45Cu0.5 sample for example, shows

most of the weight loss in a steep step between 300 and 400 ◦C, corresponding to

the Me3O4-MeO reduction, an a slow weight loss for higher temperature, ascribable

to the �nal Co and Cu reduction.

To further investigate the reduction phenomena, mathematical evaluation of

DTG peaks was carried out, simulating a single peak for Me3O4 →MeO reduction,

and separate peaks for Co, Cu and Fe reductions. In �gure 3.13 the experimental

DTG curves are reported in comparison with the calculated �ts, while in table 3.6

is reported the theoretical and calculated weight losses and the corresponding peak

temperatures.

Starting from Mn-Co samples, the �t with two single peaks is quite straight-

forward, and a good match between the theoretical and calculated peak ratio is

obtained. In MnCo2−yFey samples, the broadening of the second peak may be as-

cribed to the iron reduction phenomenon, as suggested by the �ts. However, in the

MnCo1.8Fe0.2 sample, the calculated area of the Fe peak suggests that part of iron

reduction occurs at lower temperatures.

Regarding copper containing samples, starting from MnCo1.8Cu0.2 curve, the

two principal peaks are highly overlapped, with the second peak ascribed to metallic

cobalt formation shifted to lower temperature with respect to MnCo2 curve, suggest-

ing a faster metal reduction from the Me2+ oxide during its formation. The asym-

metry of the metallic cobalt reduction peak can be �tted with a minor peak, with

area compatible with copper reduction and segregation from the MeO phase. When

cobalt is substituted simultaneously with iron and copper (MnCo1.6Fe0.2Cu0.2 sam-

ple), the cobalt reduction peak is further shifted to lower temperature, and the

asymmetry at higher temperature can be �tted with two peaks with area compat-

ible with iron and copper reduction phenomena. To verify the peaks assignation,
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MnCo1.6Fe0.2Cu0.2 sample was selected to evaluate in details phase formations

through high temperature XRD analysis carried out in reducing conditions. The last

set of samples (Mn2.5−zCozCu0.5O4) shows again signi�cant overlap of the weight loss

phenomena. In the case of the Mn2.05Co0.45Cu0.5 composition, the values obtained

for simulated peaks area suggest that part of the Cu and Co to metals reduction is

occurring concurrently with the �rst reduction phenomena.

The good match between the simulated peaks and the experimental curves and

between the theoretical and calculated weight losses suggests that for all the compo-

sitions the reduction mechanism is due to the formation of Me2+ oxides and to the

subsequent reduction of Co, Fe and Cu from this phase. To further investigate this

phenomena, selected compositions (MnCo2, MnCo1.6Fe0.4, MnCo1.6Fe0.2Cu0.2,

Mn1.33Co1.17Cu0.5) were subjected to high temperature XRD analysis carried out

in reducing atmosphere. The XRD patterns are reported in �gure 3.14.

Starting from MnCo2 sample, no evolution is evident up to 300 ◦C. At 400 ◦C,

spinel decomposition has occurred, with the appearance of broad peaks ascribable to

a single phase unidenti�ed from literature. This phase is however an intermediate

between CoO and MnO, that share che same cubic structure with di�erent cell

parameters (MnO = 4.445 Å - CoO = 4.261 Å), suggesting that a mixed single

(Mn,Co)O phase is formed. Raising the temperature, at 500 ◦C a peak ascribable

to Co metallic phase is observable, along with the shift to higher angles of the

mixed MeO phase due to the growth lattice parameter related to cobalt segregation.

This phenomenon continues raising the temperature, and at 700 ◦C the pattern is

ascribable to a mixture of MnO and Co. No signi�cant changes are visible upon

cooling.

Regarding the MnCo1.6Fe0.4 pattern, the initial evolution is similar. Between

500 and 600 ◦C reduction of iron occurs. Segregation of Co from the MeO phase

occurs with the formation of a face centered cubic Co-rich phase, while segregation

of Fe occurrs through the formation of a body centered cubic (BCC) Fe-Co alloy.

The reduction is completed at 700 ◦C, as suggested by the absence of shift f MnO

peaks position between 700 ◦C and 800 ◦C. An evolution between the Co-rich

and Fe-Co phases is observable at high temperature: while at 600 ◦C FCC Cobalt

represents the main metallic phase, at 700 ◦C we have an abundance of BCC Fe-Co

phase, again reverted at 800 ◦C. Minor changes occur at high temperature and

upon cooling, and are highlighted in detail later in the text (section 3.2.2). The

comparison between HT-XRD and DTG analysis suggests that cobalt reduction is

promoted by Fe presence, through the formation large amounts of Fe-Co. When the

reduction reaction has been completed, the phase ratio reverts to the equilibrium

values, in agreement with Fe-Co phase diagrams, characterized the existence of a
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Table 3.6: Calculated weight losses and maximum peak temperatures for �ts re-
ported in �gure 3.13:

sample weight loss Me3O4-MeO CoO-Co FeO-Fe CuO-Cu

MnCo2 teoretical (%) 33 67
calculated (%) 35 65

Temperature (°C) 430 610

Mn1.25Co1.75 teoretical (%) 36 64
calculated (%) 38 62

Temperature (°C) 445 635

Mn1.5Co1.5 teoretical (%) 40 60
calculated (%) 39 61

Temperature (°C) 460 655

MnCo1.8Fe0.2 teoretical (%) 33 60 7
calculated (%) 34 61 5

Temperature (°C) 450 625 745

MnCo1.6Fe0.4 teoretical (%) 33 53 13
calculated (%) 36 52 12

Temperature (°C) 470 595 680

MnCo1.8Cu0.2 teoretical (%) 33 60 7
calculated (%) 31 61 8

Temperature (°C) 340 485 565

MnCo1.6Fe0.2Cu0.2 teoretical (%) 33 53 7 7
calculated (%) 34 53 8 5

Temperature (°C) 340 470 510 550

Mn1.33Co1.17Cu0.5 teoretical (%) 37 44 19
calculated (%) 39 44 17

Temperature (°C) 345 380 450

Mn1.57Co0.93Cu0.5 teoretical (%) 41 38 21
calculated (%) 42 38 20

Temperature (°C) 355 460 480

Mn2.05Co0.45Cu0.5 teoretical (%) 51 23 26
calculated (%) 65 14 21

Temperature (°C) 370 600 490
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(a) (b)

(c) (d)

Figure 3.14: In situ high temperature X-ray di�raction patterns (Fe source) of a)
MnCo2, b) MnCo1.6Fe0.4, c) MnCo1.6Fe0.2Cu0.2, d) Mn1.33Co1.17Cu0.5 samples
milled for 10 hours collected at di�erent temperatures in He/H2(5%) atmosphere
(heating rate = 10◦C/min).
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dual BCC-FCC phase region for Co-rich compositions at intermediate temperature

[121].

In the MnCo1.6Fe0.2Cu0.2 sequence, metal reduction (Fe,Co) occurs already at

400 ◦C along with the spinel decomposition. The same Co-Fe reduction phenomena

observed for the MnCo1.6Fe0.4 composition is visible in the 500÷700 ◦C temperature

range. Copper reduction is clearly evident only at 600 ◦C, con�rming the DTG

peaks assignation of table 3.6. At 800 ◦C the peak related to the Fe-Co phase is

almost vanished, suggesting that almost complete solubility of Fe in the FCC-Co

phase occurs. Lowering the temperature, the Fe-Co phase is segregated again, in

agreement with the Fe-Co phase diagram [121].

The Mn1.33Co1.17Cu0.5 sequence shows the appearance of Cu and Co after

300 ◦C, along with the spinel reduction, supporting the results obtained by DTG

analysis. The spinel reduction is completed at 600 ◦C, with no signi�cant evolution

for higher temperatures and during cooling.

The reducing treatment is considered crucial in the sintering process of Mn-Co

spinels coatings to obtain high densities at low temperature [56]. After the reduction

treatment, the compound is oxidized in air (potentially in situ after the �rst sintering

step) to form again the spinel phase stable in operating environment. To study

the compounds behaviour during a re-oxidation process, TGA in air of reduced

powders was carried out, and TG and DTG curves are reported in �gure 3.15. All

thermograms show slow oxidation phenomena occurring up to 500 ◦C followed by

a signi�cant weight gain phenomenon up to 800 ◦C. In all cases, the signi�cant

broadening of the DTG peaks corresponding the main weight gain suggests the

occurrence of several overlapped steps.

As follows from the reduction step evaluation, the overall reaction should proceed

as reported in equation (3.4):

x

3
MnO + x(Co, Fe, Cu) + (1 + x)O →Mn3−x(Co, Fe, Cu)xO4 (3.4)

In table 3.7 the comparison between the calculated weight gain and the weight gain

measured after 1 h of isotherm at 800 ◦C is reported. The good overall match

con�rms the formation of spinel oxides after reoxidation of all the compositions.

To observe in detail the oxidation mechanism, in situ HT XRD analysis was

carried out on MnCo2 and MnCo1.6Fe0.2Cu0.2 sample. The acquired patterns are

reported in �gure 3.16. Regarding MnCo2 sample, it can be observed that at 400
◦C traces of CoO suggest the occurring oxidation of Co. At 500 ◦C oxidation of

MnO to Mn2O3 and of cobalt to Co and Co3O4 is clearly evident. Disappearance

of Mn and Co oxides peaks proceeds with the appearance of MnCo2O4 re�ections,
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Figure 3.15: Thermogravimetric curves as a function of temperature for the di�erent
samples acquired in Air on reduced samples; solid lines represent weight% change,
dotted lines the derivative.
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Table 3.7: Calculated weight loss as reported in equation (3.1) and experimental
data for TGA analysis carried out on reduced powder in air:

sample theoretical weight gain (%) Experimental weight gain (%)

MnCo2 25.4 24.4
Mn1.25Co1.75 22.9 22.7
Mn1.5Co1.5 20.5 20.8
MnCo1.8Fe0.2 25.5 24.6
MnCo1.6Fe0.4 25.6 24.6
MnCo1.8Cu0.2 25.3 24.3

MnCo1.6Fe0.2Cu0.2 25.4 24.6
Mn1.33Co1.17Cu0.5 21.9 22.0
Mn1.57Co0.93Cu0.5 19.6 20.0
Mn2.05Co0.45Cu0.5 15.3 15.5

complete at 800 ◦C.

Regarding the MnCo1.6Fe0.2Cu0.2 sample, the reaction mechanisms seem sim-

ilar, with the faster reaction towards the spinel phase possibly ascribable to iron

presence. Copper seems to remain in its metallic state up to 600◦C and oxidises and

di�uses in the formed spinel phase at higher temperature.

The similarities during the reoxidation treatment observed in the TG analysis

and HT-XRD patterns suggest that similar oxidation behaviour is obtained for all

the samples. This is not surprising, since after the reduction treatment all the

samples are composed of the same phases (MnO and metals). The metals oxidation

phenomena will occur therefore in similar ways for all the compositions, and the

spinel phase will be formed through solid state reaction of the oxides at interfaces.
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(a) (b)

Figure 3.16: In situ high temperature X-ray di�raction patterns (Fe source) of a)
MnCo2, b) MnCo1.6Fe0.2Cu0.2 samples milled for 10 hours and treated at 800◦C
in reducing atmosphere collected at di�erent temperatures in air �ow (heating rate
= 10◦C/min); (*) sample holder re�ection.
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3.2.2 Sintering Behaviour

The e�ectiveness of spinel protective coatings is related to their density: the pres-

ence of open porosity will inhibit in fact its e�ectiveness, allowing the alloy to be

exposed in the oxidizing ambient. For wet-powder deposition method, density is

connected to an e�ective sintering step. In particular, high densi�cation (i.e. clo-

sure of open pores) must be achieved at temperatures that do not a�ect the alloy

stability or cause an excessive growth of its thermal oxide scale. For ferritic stainless

steel, this threshold could be identi�ed in approximately 900◦C. In this work, the

evaluation of sintering behaviour was carried out on consolidated pellets prepared

by uniaxial cold pressing. To compare sintering properties meaningfully, and ascribe

di�erences to chemistry rather than to morphology of the powders, comparable green

density is crucial. The geometric green densities are reported in table 3.8: similar

values are obtained for all the di�erent samples, as expected from the processing of

morphologically similar powders.

Sintering in air

The consolidated pellets were subjected to dilatometric measurements between room

temperature and 1200◦C, with a 5◦C/min heating rate. Shrinkage curves are re-

ported in �gure 3.17.

No signi�cant di�erences can be observed among Mn-Co and Mn-Co-Fe samples,

with sintering temperatures of about 1040-1060◦C and maximum densi�cation rates

at approximately 1150◦C. Copper addition greatly enhances sintering behaviour:

sintering temperatures are lowered below 1000 ◦C and the shrinkage extent is greatly

increased with respect to Mn-Co samples. High temperature dilatation phenomena

are however visible in Mn1.33Co1.17Cu0.5 and Mn1.57Co0.93Cu0.5 curves. To fur-

Table 3.8: Green densities of the pelletized samples:

Sample Green density %

MnCo2 66±1
Mn1.25Co1.75 67±1
Mn1.5Co1.5 67±1
MnCo1.8Fe0.2 66±1
MnCo1.6Fe0.4 66±1
MnCo1.8Cu0.2 65±1

MnCo1.6Fe0.2Cu0.2 65±1
Mn1.33Co1.17Cu0.5 65±1
Mn1.57Co0.93Cu0.5 64±1
Mn2.05Co0.45Cu0.5 65±1
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Figure 3.17: Dilatometric curves of the di�erent samples acquired in air atmosphere:
solid lines represent the shrinkage ratio, dotted lines the derivative.
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Figure 3.18: SEM images of samples sintered at (a) 1200 ◦C and (b,c,d) 1000 ◦C
[see text for details].

ther investigate this phenomenon, a pellet obtained by pressing Mn1.33Co1.17Cu0.5

powder was heated in furnace at 1200◦C for 10 minutes and slowly cooled. The SEM

image is reported in �gure 3.18a. Signi�cant grain growth and can be observed, as

well as the presence of an irregular and corrugated Cu-rich phase. The observa-

tion of the samples clearly suggests a liquid phase sintering at high temperature,

most likely due to segregation and melting of the Cu-rich phase, that could result

in swelling phenomena [122]. The contemporary release of oxygen gas, as observed

by thermogravimetric analysis, when occurring in a highly packed structure could

furthermore enhance the expansion phenomena.

In �gure 3.19 a summary of sintering and maximum shrinkage temperature of the

di�erent samples is reported. Evaluating �gure 3.19 no signi�cant di�erences can be

observed in the sintering temperature of Mn-Co and Mn-Co-Fe samples, while all Cu

containing samples are characterized by signi�cant enhancements. In �gure 3.19b

it can be observed that an increase in maximum shrinkage temperature is obtained

raising manganese content, as evidenced also in the case of Cu-doped samples. Iron

addition as well produces an increase in this property, lowered on the other hand by
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Figure 3.19: (a) Sintering temperature and (b) maximum shrinkage temperature for
the di�erent samples.

cobalt/copper substitution.

XRD analysis of the pellets after dilatometric measurements demonstrated in

most cases secondary phases in addition to the spinel. This is most likely due to

high packing and higher crystals growth, limiting oxygen di�usion and avoiding the

single spinel phase recovery during cooling.

The undesired phase segregation upon sintering at high temperature is an issue

to precisely determine CTE and electrical properties of the material. Therefore,

the sintering treatment of the pellets needed for dilatometry and Van der Pauw

experiments was tailored. In the case of Mn-Co samples, it was not possible to reduce

the temperature to avoid secondary phase formation, but a second dwell at lower

temperature (i.e. 800◦C) was successfully introduced to facilitate the spinel recovery.

For MnCo2 sample a further annealing (16h at 1000◦C) was required to achieve single

phase pellets, as observed for similar samples prepared with other synthesis routes

[49]. For Cu containing samples instead, the lower sintering temperature, as observed

in dilatometric measurements, allowed to reduce the thermal treatment to 1000◦C,

avoiding segregation of Cu-rich phases and still obtaining su�ciently dense pellets.

In �gure3.18b-d SEM images of the Mn1.33Co1.17Cu0.5, Mn1.57Co0.93Cu0.5 and

Mn2.05Co0.45Cu0.5 samples after sintering at 1000◦C are reported. A homogeneous

morphology can be observed, characterized by signi�cantly lower crystal growth with

respect to the 1200◦C thermal treatment. In table 3.9 a summary of the performed

thermal treatments and the geometrical density measured after sintering is reported.

It can be noted that Cu addition leads to densities comparable to Mn-Co samples

even with a 200 K reduction in sintering temperature.

In �gure 3.20 X-Ray di�raction patterns of the sintered samples are reported.
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Table 3.9: Summary of sintering treatment details (see text for details) and sintered
densities:

Sample Sintering treatment Sintered density %

MnCo2 *

4 h @1200 ◦C + 4 h @800 ◦C

93±1
Mn1.25Co1.75 93±1
Mn1.5Co1.5 95±2
MnCo1.8Fe0.2 92±1
MnCo1.6Fe0.4 90±1

MnCo1.8Cu0.2

4 h @1000 ◦C + 4 h @800 ◦C

97±1
MnCo1.6Fe0.2Cu0.2 95±1
Mn1.33Co1.17Cu0.5 97±1
Mn1.57Co0.93Cu0.5 97±2
Mn2.05Co0.45Cu0.5 97±2

* 16h @ 1000 ◦C post sintering to recover single phase spinel structure

MnCo2 and Mn1.25Co1.75 show a pattern ascribable to a single cubic phase, with

small shifts due to di�erent Mn:Co ratio, while Mn1.5Co1.5 exhibits a mixture

of tetragonal and cubic spinels. As reported in chapter 1.3, these results are in

agreement with the Mn-Co oxides phase diagram at room temperature. A single

cubic phase is stable for high Co content (Co:Mn>1.3), a single tetragonal phase

is obtained for high Mn content (Co:Mn<0.5), while for intermediate compositions,

depending on the synthesis and cooling method, a mixture of the two phases or

a single metastable tetragonal phase is observed. All MnCo2−x−yFexCuy samples

exhibit a single cubic spinel phase, with peak shifts due to the di�erent metal con-

tent. In particular, due to the di�erent size of dopants ionic radius with respect

to the substituted cobalt [123], Fe-Co substitution promotes the enlargement of the

lattice, di�erently from Cu-Co substitution that, due to similar ionic radii, does not

induce signi�cant changes in the cell parameter. Regarding the highly Cu doped

samples, as observed by HT-XRD, Mn1.33Co1.17Cu0.5 is characterized by a sin-

gle cubic phase, while raising Mn content peaks ascribable to a tetragonal spinel

phase appear. Copper addition enhances therefore the cubic phase stability re-

gion at room temperature, while Mn2CoO4 compound is characterized by a single

tetragonal phase [45], the Mn2.05Co0.45Cu0.5 sample shows a mixture of cubic and

tetragonal phases.
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Figure 3.20: X-Ray Di�raction patterns (Fe surce) of samples sintered as described in
table 3.9; crystallographic planes indicate cubic spinel re�ections, while T indicates
peaks ascribable to tetragonal spinels.

Sintering in reducing atmosphere

As observed in the previous section and reported in literature, Mn-Co spinels are

characterized by high sintering temperature, raising issues regarding the steel me-

chanical properties or the growth of thick chromia scales at such temperatures.

Reactive sintering methods are therefore exploited, consisting in a heat treatment

carried out in reducing atmosphere, to promote the spinel reduction and exploit the

superior sintering properties of the reduced species, and a reoxidizing treatment, to

form again the protective spinel coatings [50]. Although this method has been ap-

plied to produce most of the slurry coatings reported in literature, few studies have

studied in depth the sintering mechanism. In particular, results reported in [56]

show for example that great shrinkage is obtained through the reduction treatment.

In this study, to evaluate how the composition a�ects the shrinkage phenomena in

reducing atmosphere, dilatometric analyses were carried out simulating a theoretical

sintering treatment, consisting of heating up to 800 ◦C at 10◦C/min and 2 h of dwell

time. In �gure 3.21 the dilatometric curves are reported.

All samples show length growth phenomena at intermediate temperatures. In

particular, for Mn-Co and Mn-Co-Fe samples, the growth maximum is observed

in the 500 ÷ 550 ◦C range, while for Cu-doped samples the maximum is observed

below 400 ◦C. It is therefore likely to ascribe this length increase to the spinel phase

demixing observed with TGA and XRD measurements.
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Figure 3.21: X-Ray Di�raction patterns (Fe surce) of samples sintered as described
in table 3.9.
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At higher temperature shrinkage phenomena can be observed, with variable on-

sets depending on the samples. For most of the samples, however, a large part of the

shrinkage occurs during the isothermal step. Di�erently from TGA and HT-XRD

analyses, carried out on powders, the dilatometric analysis evaluated compacted

pellets. In this condition gas �ow towards the centre of the pellets may be hindered,

resulting in slow reduction phenomena, with sintering occurring mostly after com-

plete reduction of the samples. This hypothesis is further corroborated observing for

example among the Mn-Co samples that the sintering onset time grows with cobalt

content, as expected by the higher amount of cobalt to be oxidized.

Furthermore, in some compositions (i.e. MnCo1.8Fe0.2 and MnCo1.6Fe0.4) sev-

eral shrinkage steps can be observed. To explain these phenomena, in �gure 3.22 are

reported the high temperature patterns acquired on a MnCo1.6Fe0.4 sample during

heating and dwell at 800 ◦C in reducing atmosphere. As commented in the previous

section, reduction of Co and Fe proceeds through the formation of large amounts of

Fe-Co phase (evident in the 700 ◦C pattern), while at 800 ◦C growth of Co phase

over the Fe-Co phase is observed. During the dwell, the relative intensity of Fe-Co

and Co phase peaks changes, suggesting a Co phase growth. The occurring reaction

between metal phases could be accounted for shrinkage or dilatation phenomena,

giving rise to the multiple steps observed in the MnCo1.8Fe0.2 and MnCo1.6Fe0.4

samples curves. This phenomenon is scarcely evident in the Mn1.6Fe0.2Cu0.2 com-

position, characterized by a faster Co and Fe reduction with the formation of a

single Co phase, as shown from TGA and HT-XRD analyses, and not evident in

Mn-Co-Cu samples, due to the scarce reciprocal solubility of Co and Cu.

XRD patterns of the samples after the reduction treatment are reported in 3.23.

In all cases, after the sintering treatment a mixture of MnO and Co, Fe and Cu

metals can be observed, as indicated by TGA measurements for powder samples.

To evaluate how shrinkage is a�ected by the composition, in �gure 3.24 the �nal

shrinkage of the di�erent samples is reported. Starting from the Mn-Co samples, it

is clear how a higher Mn:Co ratio promotes higher shrinkage. Fe doping improves

shrinkage behaviour, with both Fe-doped samples characterized by higher shrinkage

than the MnCo2 sample. The higher contraction observed for the MnCo1.8Fe0.2

sample suggests however that higher results are achieved with limited amounts.

MnCo1.8Cu0.2 sample is characterized by a higher shinkage with respect to MnCo2,

suggesting that limited amounts of copper may act as sintering aid also in reducing

conditions as well. The MnxCoyCu0.5 samples shows a trend opposite to the Mn-Co

samples, with higher shrinkage for Mn-rich samples. Finally, a remarkable enhance-

ment with respect to the undoped MnCo2 composition is observed when cobalt is

substituted simultaneously by Co and Fe.
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Figure 3.22: In situ high temperature X-Ray Di�raction patters (Fe source) of sam-
ple MnCo1.6Fe0.4 acquired in reducing atmosphere at 700◦C, 800 ◦C after respec-
tively 5, 25 and 45 minutes (800 ◦C I, II and III) and during cooling at 700 ◦C.

Figure 3.23: X-Ray Di�raction patters (Co source) of the di�erent samples after the
dilatometric analysis carried out in N2/H2(5%) up to 800 ◦C.
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Figure 3.24: Shrinkage measured for the di�erent samples after the sintering treat-
ment in reducing atmosphere.

SEM micrographs of reduced pellet surfaces are reported in �gure 3.25. Despite

the large shrinkage, it can be observed that the samples show a porous morphology.

Metal-rich samples (i.e. MnCo2 and MnCo1.6Fe0.2Cu0.2) samples are composed

of a skeleton structure formed by rounded metal particles with dispersed faceted

Mn-rich crystals. Raising Mn content, the situation reverses, as clearly visible by

the Mn2.05Co0.45Cu0.5 sample, formed by aggregates of regularly edged Mn oxide

crystals and rounded dispersed metal particles.

Observing these micrographs it can be suggested that most of the shrinkage

observed with dilatometric experiments is due to the spinel reduction and sintering of

the majority phase (e.g. metal, oxide) without however approaching high densities.

In the Mn(Co,Fe,Cu)2O4 compositions, after the reduction has occurred sintering

of the metal phase takes place. In the Mn-rich composition Mn2.05Co0.45Cu0.5

sintering of the MnO phase takes place driving the densi�cation phenomenon. In the

intermediate samples, sintering of the similar phases is hindered and lower shrinkage

is observed.

To evaluate the length change phenomena occurring during the re-oxidation

steps, MnCo2 and MnCo1.6Fe0.2Cu0.2 reduced pellets where subjected to dilato-

metric analysis in air. The curves are reported in �gure 3.26. It can be observed

that a dilatation phenomenon is evident in both cases between 400 and 750 ◦C, and

ascribable to the oxidation of the metallic phases, followed by a slight contraction.

No signi�cant changes are observable during the dwell time. Furthermore, the over-

all length change is quite limited, if confronted with the shrinkage occurred during

the reducing step.

To check morphology and phase composition of the re-oxidized pellets, reduced

pellets of all the compositions were subjected to a furnace thermal treatment of 2h at
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(a) (b)

(c) (d)

Figure 3.25: SEM images of pellets surface after the dilatometer reducing treatment.

Figure 3.26: Dilatometric curves acquired in air on MnCo2 and MnCo1.6Fe0.2Cu0.2
reduced pellets.
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(a) (b)

Figure 3.27: SEM images of MnCo1.6Fe0.2Cu0.2 pellets (a) surface and (b) fracture
after the reduction-reoxidation treatment.

800 ◦C. In all cases no signi�cant dilatation was observed (i.e. ∆L
L0
< 1%), suggesting

that while signi�cant shrinkage without major densi�cation is achieved during the

reducing step, the re-oxidation step brings little dimensional change but promotes

signi�cant densi�cation due to the increase in weight. XRD analyses showed however

the presence of secondary phases, due to incomplete oxidation and reaction: the

formation of compact surface spinel layers hinders oxygen di�usion in the pellets

core, as expected due to the protective e�ect of the Mn-Co spinels, limiting the

weight recovery of the loss occurred during the reducing step. This phenomenon

is clearly visible in �gure 3.27, where SEM micrographies of a MnCo1.6Fe0.2Cu0.2

sample after the reduction-reoxidation treatment are reported. The surface shows

a dense and compact morphology, and the fracture image shows a compact surface

layer with a porous structure beneath.

Therefore, to simulate the e�ective density achievable through the reactive sin-

tering process, theoretical sintered density was calculated based on the dimensional

changes observed during the reactive sintering treatment, with the assumption that

full weight was recovered during the re-oxidation process (i.e. as observed with TGA

and as expected to occur in thin deposited layers). In table 3.10 the calculated densi-

ties are reported. Taking aside the singular result related to the MnCo1.6Fe0.2Cu0.2,

characterized by the higher shrinkage during the reducing conditions, it can be ob-

served that calculated density values are signi�cantly higher than green densities,

suggesting an e�ective densi�cation occurred during the process, whereas sintering

in air at 800 ◦C would not have produced signi�cant shrinkage (see �gure 3.17).

Regarding morphology, in �gure 3.28 fractures of re-oxidized pellets are reported.
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Table 3.10: Relative shrinkage achieved in reducing-reoxidizing condition and theo-
retical calculated sintered density (see text for details):

Sample relative shrinkage sintered density (%)

MnCo2 0.10±0.01 90±3
Mn1.25Co1.75 0.09±0.01 88±3
Mn1.5Co1.5 0.06±0.01 81±3
MnCo1.8Fe0.2 0.13±0.01 99±3
MnCo1.6Fe0.4 0.10±0.01 91±3
MnCo1.8Cu0.2 0.11±0.01 93±3

MnCo1.6Fe0.2Cu0.2 0.15±0.01 100**
Mn1.33Co1.17Cu0.5 0.09±0.01 85±3
Mn1.57Co0.93Cu0.5 0.09±0.01 86±3
Mn2.05Co0.45Cu0.5 0.10±0.01 90±3

It can be observed a dense surface structure with closed porosity, con�rming the

theoretical density calculation.

Therefore, the reduction-reoxidation treatment was clearly e�ective in promot-

ing sintering at temperatures compatible with the ferritic alloys substrates (i.e. 800
◦C) for all the samples. Furthermore, the dilatometric analyses clearly show a de-

pendence of the composition on the �nal shrinkage , enhanced by:

� The formation of high quantities of a majority phase at high temperature, i.e.

high amounts of Co, Co-Fe or Mn;

� Appropriate Fe or Cu doping (e.g. 5-10 wt%);

� Simultaneous Fe and Cu doping.
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(a) (b)

(c) (d)

Figure 3.28: SEM images of pellets fracture of reduced pellets after reoxidation in
furnace.
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3.2.3 Thermal expansion

A good match between the thermal expansion behaviour of the alloy and of the coat-

ing is required to avoid detachment and spallation phenomena during thermal cy-

cling. CTE of commmon commercial ferritic stainless steels is in the 11÷13cot 10−6K−1

[22], and the evaluation of the in�uence of the coating material composition on the

CTE could allow to tune opportunely the material to precisely match the alloy. To

evaluate the CTE of the di�erent compositions, the pellets sintered in air as re-

ported in table 3.9 were subjected to dilatometric analyses. The obtained curves

are reported in �gure 3.29.

Regarding Mn-Co samples, it can be observed that higher Co content induces

higher thermal expansion. MnCo2 and Mn1.25Co1.75 samples, characterized by a

single phase in the whole examined temperature range, show a linear behaviour.

Mn1.5Co1.5 curve shows instead a discontinuity in the 500-600 ◦C temperature

range, ascribable to the dual phase � single phase transition. MnCo2−x−yFexCuyO4

compositions and Mn1.33Co1.17Cu0.5 sample, similarly characterized by a single

phase through the whole examined temperature range, show a linear behaviour.

Dual-phase Cu samples exhibit instead a discontinuity in the 450-600 ◦C temperature

range and in the 600-750 ◦C for the Mn1.57Co0.93Cu0.5 and Mn2.05Co0.45Cu0.5

samples respectively, most likely related to the dual-single phase transition occurring

in these temperature intervals.

Average CTE values have been calculated between room temperature and 800
◦C, and are reported in table 3.11. Considering thermal expansion of ferritic stainless

steels (11-13 · 10−6K−2 [22]), Mn1.33Co1.17Cu0.5, MnCo1.8Cu02 and Mn2.05Co0.45Cu0.5

exhibit the lesser compatibility.

To evaluate how the di�erent Mn:Co ratio and dopant addition in�uence CTE,

in �gure 3.30 the CTE values at 800 ◦C are reported versus the cobalt content for

the di�erent samples.

Regarding Mn-Co composition, a clear linear trend can be observed between the

composition and CTE values. Also for MnxCoyCu0.5 doped samples an analogue

behaviour can be observed when changing Mn:Co ratio, and Cu addition does not

a�ect signi�cantly this trend but rather induces a shift of the curve toward higher

CTEs. Furthermore, It can be observed a clear negative trend between CTE value

and iron content, while similar enhancements are observed with the Cu-Co substi-

tution in the MnCo2-MnCo1.8Cu0.2 and MnCo1.8Fe0.2-MnCo1.6Fe0.2Cu0.2 cases.

Therefore, consistently with the single metal doped samples, the combined e�ect is

obtained in the MnCo1.6Fe0.2Cu0.2 compound, the CTE of which is ranged between

those of MnCo1.8Fe0.2 and MnCo1.8Cu0.2. This result suggests that the CTE of
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Figure 3.29: Dilatometric curves of sintered samples.

Table 3.11: Thermal expansion coe�cient measured between room temperature and
800 ◦C for the di�erent samples.:

Sample CTE @800 ◦C ( · 10−6K−1)

MnCo2 13.5±0.1
Mn1.25Co1.75 11.5±0.1
Mn1.5Co1.5 9.7±0.1
MnCo1.8Fe0.2 12.7±0.1
MnCo1.6Fe0.4 11.1±0.1
MnCo1.8Cu0.2 13.7±0.1

MnCo1.6Fe0.2Cu0.2 12.9±0.1
Mn1.33Co1.17Cu0.5 14.5±0.1
Mn1.57Co0.93Cu0.5 12.7±0.1
Mn2.05Co0.45Cu0.5 8.5±0.1
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Figure 3.30: CTE of the di�erent samples as a function of Co content x in the
Me3−xCoxO4 spinel.

Mn-Co spinels can be tuned in the examined range by compositional tailoring, as

the e�ect of the cobalt substitution with copper and iron on CTE is retained with

the simultaneous doping.

The obtained results are in agreement with previous studies that suggest the

occurrence of a relation between CTE and the di�erent occupations and valence

states in the spinel lattice [124]. In particular, thermal expansion of mixed metal

spinels can be related to the composition principally via the occupation of octahedral

sites, where compounds characterized by high valence di�erences possess higher

CTE.

As previously introduced, Mn3−xCoxO4 spinels characterized by an occupation

of tetrahedral sites by Co2+ atoms, while Co2+, CoIII , Mn3+ and Mn4+ occupy octa-

hedral sites, with Co2+ and Mn4+ amounts related to electro-neutrality constraints.

In the 1<x<2 compositional range, the increase of Co promotes an increase of Co2+,

CoIII and Mn4+ species at the expense of Mn3+ atoms [48]. Increasing Co content in

this composition range will theoretically cause higher valence inhomogeneity, raising

CTE, in agreement with our results. The substitution of Co with Fe occurs with Fe3+

species occupying preferentially octahedral sites in place of Co atoms [49], reducing

the amount of octahedral Co2+ and therefore the amount of species characterized

by di�erent valences, and lowering CTE, as observed here. In mixed Cu-Co-Mn

compounds instead, Cu1+/Cu2+ species tend to occupy tetrahedral sites preferen-

tially over Co2+ atoms, leading to an enrichment of Co2+/CoIII pairs in octahedral
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sites [125]. Furthermore, the presence of Cu1+ atoms promotes Mn3+ oxidation to

Mn4+ to maintain charge neutrality. Valence di�erences are therefore increased with

copper doping, enhancing CTE. When Co is substituted by both Fe and Cu, the

enhancement of CTE due to Cu1+ and Cu2+ introduction on tetrahedral sites is

counterbalanced by the CTE decrease induced by the Fe3+ presence in octahedral

sites, and, with Fe and Cu ions not being competitors for lattice sites occupation

in the examined composition range, the overall CTE change can be considered as

limited to the sum of the single dopants contributions.

3.2.4 Electrical conductivity

Electrical conductivity measurement was carried out by means of the Van der Pauw

method in the temperature range 500-800 ◦C. In �gure 3.31 the Arrhenius plots are

reported.

Similarly to thermal expansion, the samples characterized by a single phase in

the examined range exhibit a linear trend, while samples exhibiting a dual-single

phase transformation show slope changes at temperatures coherent with the discon-

tinuities observed in dilatometric measurements. From the single-phase region of

the Arrhenius plots, activation energies were calculated and are reported in Table

5. Mn-Co, Fe and 0.2 Cu doped samples exhibit comparable values of about 0.5eV,

while signi�cant Cu addition (i.e. 15 at% ) lowers signi�cantly the activation energy

to about 0.3eV.

To better evaluate how Mn:Co ratio and Cu addition a�ect electrical properties,

in �gure 3.32 the conductivity values measured at 800 ◦C are reported versus cobalt

content.

The MnCo2 sample is characterized by a conductivity value of about 80S/cm,

and a decreasing trend can be observed increasing Mn content. A similar decrease in

conductivity with Mn content can be observed for the 05Cu doped samples as well.

Cu addition increases electrical conductivity, with the Mn1.33Co1.17Cu0.5 sample

characterized by a conductivity value of about 125S/cm. Regarding the substitution

of Co with Fe, a clear decreasing trend can be observed, with conductivity of about

51 S/cm and 36 S/cm for MnCo1.8Fe0.2 and MnCo1.6Fe0.4 samples respectively.

Finally, similar enhancements are observed when cobalt is substituted in the ref-

erence material (Mn1.8Co1.8Cu0.2 versus MnCo2O4) or in the iron doped sample

(MnCo1.6Fe0.2Cu0.2 versus Mn1Co1.8Fe0.2) as observed for CTE.

In such spinel systems, the conductivity behaviour is usually ascribed to a small

polaron hopping mechanism between mixed valence elements on octahedral sites,

and in Mn-Co oxides it is usually related to Co2+/CoIII and Mn3+/Mn4+ pairs [35,
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Figure 3.31: Arrhenius plots of electrical conductivity measured (dots) for the dif-
ferent samples and linear �ts in the single phase linear regions (dashed lines).

Table 3.12: Activation energy calculated from the Arrhenius plot of the di�erent
samples:

Sample Temperature range ( ◦C) Activation energy (eV)

MnCo2 500-800 0.55±0.02
Mn1.25Co1.75 500-800 0.54±0.04
Mn1.5Co1.5 650-800 0.49±0.02
MnCo1.8Fe0.2 500-800 0.54±0.02
MnCo1.6Fe0.4 500-800 0.53±0.02
MnCo1.8Cu0.2 500-800 0.46±0.02

MnCo1.6Fe0.2Cu0.2 500-800 0.50±0.02
Mn1.33Co1.17Cu0.5 500-800 0.34±0.02
Mn1.57Co0.93Cu0.5 600-800 0.32±0.03
Mn2.05Co0.45Cu0.5 750-800 0.32±0.04
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Figure 3.32: Conductivity measured at 800 ◦C for the di�erent sintered samples as
a function of Co content x in the Me3−xCoxO4 spinel.

48, 126]. The Co2+/CoIII and Mn3+/Mn4+ concentration ratio a�ects therefore

signi�cantly conductivity properties. The observed trend for Mn-Co samples is in

agreement with previous �ndings, and is related to the maximum concentration of

Co2+ and Mn4+ species for compositions with Mn:Co∼2:1 [31]. The similar increas-
ing trend here observed for the 05Cu-doped samples suggests that similar phenomena

can be accounted for also in Cu-Mn-Co samples. The signi�cant increase of con-

ductivity in Cu samples with respect to Mn-Co compounds can be instead due to

multiple mechanisms. Copper addition in mixed Mn-Co spinels occurs with prefer-

ential occupation of tetrahedral sites of the spinel lattice by Cu1+ and Cu2+ species,

that promotes Mn3+ oxidation to Mn4+ to maintain charge neutrality. As a conse-

quence, Cu introduction increases active pairs concentration and therefore electrical

conductivity [125]. Tetrahedral Cu ions could furthermore contribute indirectly to

electrical conductivity, through mediation of charge transfer mechanisms between

near but not adjacent Mn atoms, as observed in Ni-Cu manganite spinels [127].

The observed decrease in conductivity with Fe substitution is instead related to the

preferential occupation of octahedral sites by Fe3+ atoms, not involved in polaron

formation, limiting the charge carrier density [49]. Similarly to what was observed

for CTE, without competition for lattice site occupation among the dopants, the

e�ect of the simultaneous substitution is limited to the sum of the single factors.
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Chapter 4

La-Fe perovskite coatings by

chemical conversion of interconnect

steels

La-based perovskites could represent an interesting alternative to spinel-base coat-

ings thanks to their high stability at the operating temperatures. Among the factors

limiting their application, high sintering temperatures and low obtained densities,

limited mechanical adhesion, and possible kinetic instability in the presence of high

chemical or electrical gradients must be overcome.

The molten carbonate conversion coating technique described in section 1.4

proved to be e�ective in the production of dense and adherent La-Fe base perovskite

coatings on austenitic and low chromium ferritic stainless steels. Di�erent growth

mechanisms arise depending on the bath composition: a dissolution-precipitation

mechanism, with the production of thick passivation coatings, and a template con-

version mechanism, with the formation of thin layers. With signi�cant coating

e�ectiveness observed in molten carbonate fuel cells environments [8], the technique

application to high chromium ferritic stainless steels, suitable for SOFCs, may rep-

resent a viable strategy to produce low cost and e�ective coating also in SOFC

technology.

In this chapter the �ndings related to the application of the passivation process

to several ferritic stainless steel are reported, with the evaluation and optimization

of the experimental variables to produce both thick and thin coatings.
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Figure 4.1: OCP curves of K41 steel samples electrode processed at 600 ◦C in salts
characterized by di�erent basicity.

4.1 Thick coatings

The salt composition plays obviously a key role in the passivation process, in par-

ticular the melt basicity, related to the presence of active oxygen ions. It has been

shown that melt basicity of lithium-sodium carbonates is signi�cantly increased by

rare earth elements addition [91]. Furthermore, as basicity regulator, magnesium

oxide was added to the melt [90]. Two levels were evaluated, as described in section

2. The initial experimental temperature was �xed at 600 ◦C, safe for what concerns

salt stability [128] and su�ciently high to promote the perovskite structuration [76].

As previously described, the increase of the steel electrodes OCP towards more

noble values is ascribable to the passivation of the steel surface. Considering the

perovskite coating process, this phenomenon takes place in two successive steps:

initial formation of lithium-iron oxides and growth of lanthanum-iron perovskite on

the oxide sublayer [76]. In �gure 4.1, the OCP curves of K41 steel samples exposed

in di�erent conditions, namely higher and lower basicity, are reported. it can be

clearly observed the faster passivation occurring in the salt characterized by the

higher basicity.

The XRD patterns of these samples are reported in �gure 4.2. Both samples are

characterized by similar patterns, with the presence of peaks ascribable to LaFeO3

(JCPDS card N. 37-1493) as main phase, and secondary phases ascribable to the

presence of a Fe-rich spinel or to salt residues (* peaks). Perovskite peaks are
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Figure 4.2: X-Ray Di�raction patterns (Mo surce) of K41 steel samples subjected to
the passivation treatment at 600 ◦C in new salts characterized by di�erent basicity.

sharp and well de�ned, suggesting high crystallinity and homogeneity. Regarding

the spinel phase, excluding nanostructuration of crystallites as broadening source

due to high temperature and long processing time, broadening of di�raction peaks

suggests that the re�ections may arise from multiple spinel phases characterized

by di�erent compositions and therefore lattice parameters. This is in agreement

with the corrosion mechanism of ferritic stainless steels described in section 1.4.1,

involving the formation of a super�cial Fe-rich oxide and an inner Fe-Cr spinel. In

particular, peak position is compatible with the presence of several Fe-rich spinels,

such as magnetite (Fe3O4 - JCPDS card N. 19-629), lithiated iron spinel (LiFe5O8

- JCPDS card N. 17-114) or chromium-iron spinels (FeCr2O4 - JCPDS card N.

34-140).

In �gure 4.3, SEM images of the samples exposed for 72 h at 600 ◦C in baths

characterized by di�erent basicity are reported. The low basicity samples is char-

acterized by zones where well crystallized La-Fe oxide crystals are visible and zones

where a more defective crystalline structure is observable. In the case of the high

basicity sample, instead, the surface is homogeneously covered by large and highly

de�nite cubic shaped crystals, corresponding to perovskite crystals.

These results suggest therefore that the di�erent basicity levels considered do not

give rise to di�erent reaction mechanisms, but rather that higher basicity promotes

the growth of the perovskite phase. Given these �rst results, it was decided to focus

on the high basicity conditions, proceeding to investigate factors related to the
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Figure 4.3: SEM images of K41 steel samples subjected to the passivation treatment
at 600 ◦C in new salts characterized by di�erent basicity.

experimental set-up that may induce spurious variability, and have to be identi�ed

and controlled to grant reproducibility of results and to identify the variable related

to the physico-chemical interactions and processes.

The gas �ow was promptly identi�ed as a crucial factor. A CO2 rich (and O2

poor) atmosphere can be useful in fact to mitigate the oxidizing power of the melt,

to avoid precipitation of additives or decomposition of the salt. In �gure 4.4 are

reported results related to the passivation of Crofer 22H in two di�erent gas �owing

conditions, namely sparging over the melt and bubbling inside the salt.

It can be observed from the OCP measurement that the sample C, immersed

in gas bubbling conditions, reaches rapidly neutral OCP values, indicating a fast

surface passivation. On the contrary, samples processed in gas sparging conditions

show a slower growth of the OCP, suggesting slower passivation kinetics, that in-

crease after the gas �ow is immersed in the melt.

Results of XRD analysis performed on samples processed in the di�erent condi-

tions are reported in �gure 4.5. The pattern of sample C is characterized by peaks

ascribable to LaFeO3 (JCPDS card N.37-1493), constituting the main phase, and

secondary re�ection ascribable to the iron rich spinel phases. The sample processed

with the gas sparging over the melt, on the contrary, is characterized by lower pres-

ence of perovskite phase and higher re�ections of spinel phases.

A further processing variable evaluated is the salt ageing. During the passivation,
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Figure 4.4: OCP curves of Crofer 22H steel samples processed in di�erent gas �ow
conditions: A) 60 ml/min CO2 �owing over the melt ; B) 60 ml/min CO2 sparging
over the melt for the �rst 24 hours and bubbling in the salt for the rest of the
experiment ; C) 60 ml/min CO2 bubbling in the melt.

Figure 4.5: X-Ray Di�raction patterns (Mo source) of Crofer 22H steel samples
processed in di�erent gas �ow conditions: A) 60 ml/min CO2 �owing over the melt
; C) 60 ml/min CO2 bubbling in the melt; (*) indicates re�ections ascribable to salt
residues.
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Figure 4.6: OCP curves of K41 steel samples processed in new and used 10Mg salts.

in fact, dissolution of steel elements occurs, with possible evolution of the bath

properties. In �gure 4.6 the OCP curves related to the processing of K41 samples

in di�erent batches of identical salt are reported, to highlight the di�erence between

the �rst passivation experiment and following tests. It can be observed that the new

salt promotes a signi�cantly faster passivation of the steel.

SEM images of samples processed in new and old salts are reported in �gure 4.7.

In both cases, the sample surface is completely covered by La-Fe oxide crystals of

regular cubic shape, that form the perovskite coating layer. A similar morphology

is observed in both samples, despite larger grains are present in the used salt sample

most likely due to higher growth allowed by the longer process time. The mechanism

of passivation does not seems therefore to be altered in the two conditions. After the

signi�cant di�erence in the passivation kinetics observed between the experiments

carried out in new and used salts, no signi�cant di�erences were observed after the

�rst evolution on several repeated experiments. This suggests that after the initial

conditioning no profound changes to the bath properties occur with time, and the

salt is characterized by high stability in the selected conditions.

To evaluate how temperature in�uences the passivation phenomena, experiments

carried out on Crofer 22H steel samples at 600 ◦C and 650 ◦C have been carried out

and compared. From the evaluation of the OCP curves reported in �gure 4.8 an

increase in the passivation kinetic with temperature can be observed.

SEM analysis results of the two samples are reported in �gure 4.9, and show

no signi�cant di�erence between the two samples. However, observing the limited

94



La-Fe perovskite coatings by chemical conversion of interconnect steels

Figure 4.7: SEM images of K41 steel samples processed in new and used 10Mg salts.

Figure 4.8: OCP curves of Crofer 22H steel samples processed at 600 ◦C and 650
◦C.
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Figure 4.9: SEM images of Crofer 22H steel samples processed at 600 ◦C and 650
◦C.

advantage, to ensure higher stability to the molten salt, avoiding possible decompo-

sition occurring at high temperature, it was decided to limit the processing temper-

ature to 600 ◦C.

The technique is therefore suitable to produce La-Fe perovskite layers on the

surface of high chromium ferritic stainless steels. In view of the application, despite

interesting results had been obtained on both Crofer 22H and K41 steels, it was de-

cided to focus on the cheaper K41 steel and further investigate the coating structure

and functionality.

In �gure 4.10 is reported the XRD pattern of a K41 electrode subjected to the

passivation treatment for 72 hours at 600 ◦C in a used salt. It can be observed the

presence of LaFeO3 perovskite as main phase, with low intensity peaks ascribable

to a spinel phase.

SEM analysis of the coated sample surface, reported in �gure 4.11, shows that

the highly packed regular perovskite crystals cover the steel sample.

In �gure 4.12 the SEM image of the sample section is depicted, with EDX maps

results superimposed. In table 4.1 the EDX point analysis results related to the

points indicated in �gure 4.12 are reported. From the section it can be observed

that the passivated steel possesses a multi-layer structure, with overall thickness

between 35÷50 µm. Regarding the coating composition, starting from the steel

(point 5), a �rst Fe-Cr oxide interfacial layer (point 4) approx. 5 µm thick can
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Figure 4.10: X-Ray Di�raction pattern (Mo source) of a K41 steel electrode after
72 hours of exposure in the 10Mg salt at 600 ◦C.

Figure 4.11: SEM images of a K41 steel electrode surface after 72 hours of exposure
in the 10Mg salt at 600 ◦C.
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Figure 4.12: SEM image of the section of a K41 steel electrode section after 72 hours
of exposure in the 10Mg salt at 600 ◦C with superimposed EDX map for Fe (green)
Cr(red) La (yellow) and O (blue) and positions of EDX point analysis reported in
table 4.1.

be observed. Below this interface, a second Fe-Cr oxide layer is formed (point 3),

approx. 15µm thick. Furthermore, an iron-rich oxide is evident (point 2), possessing

a homogeneous interface with the Fe-Cr oxide and an irregular interface with the

perovskite crystals (point 1) evident on the sample surface.

Table 4.1: Results of EDX analysis from points collected in �gure 4.12:

Point
Element (Wt%)

La Fe Cr O

1 63.2 17.1 0.0 19.7
2 0.7 61.0 0.6 37.8
3 0.4 35.3 26.4 37.9
4 0.2 56.8 20.3 22.7
5 0.2 78.8 17.3 3.7

To produce steel samples suitable for oxidation stability tests, the process was

scaled up as reported in chapter 2. The XRD pattern acquired on a K41 sample

processed for 48 hours in the molten salt is reported in �gure 4.13. Peaks ascribable

to the LaFeO3 phase are evident, with the perovskite constituting the main phase.

Minor re�ections ascribable to Fe-rich spinel phases are visible, as well as peaks

ascribable to the substrate. No major di�erences are evident in comparison with
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Figure 4.13: XRD pattern (Mo source) of a K41 steel foil processed for 48 hours in
the 10Mg molten carbonate salt at 600 ◦C.

the pattern of the electrode reported in 4.10, suggesting that the process scale up

did not a�ect signi�cantly the passivation mechanism.

SEM images of the K41 foil coated sample are reported in �gure 4.14. From the

surface analysis it can be observed that the sample is homogeneously coated with

tens of micron sized La-Fe perovskite grains, with surface morphology signi�cantly

similar to the preliminary experiment electrode reported in �gure 4.11.

From the section analysis, reported in �gure 4.15, it can be observed as well a

similar morphology, with the multi-layer coating structure already observed. EDX

results reported in table 4.2 con�rm the presence of the perovskite layer as surface

coating, and three Fe/Fe-Cr/Fe-Cr oxides sublayers with composition similar to the

preliminary experiment sample. With respect to the latter, however, the perovskite

layer is thinner, as expected by the decreased exposition time.

Table 4.2: Results of EDX analysis from points collected in �gure 4.15:

Point
Element (Wt%)

La Fe Cr O

1 68.3 17.5 14.1
2 0.3 60.8 0.5 38.3
3 0.3 36.7 26.8 36.2
4 0.3 47.7 26.1 26.0
5 0.1 80.6 16.6 2.6
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Figure 4.14: SEM images of a K41 steel foil surface after the molten carbonate
treatment carried out for 48 hours at 600 ◦C in the 10Mg salt.

Figure 4.15: SEM image of the section of a K41 steel foil after 48 hours of exposure
in the 10Mg salt at 600 ◦C with superimposed EDX map for Fe (green) Cr(red) La
(yellow) and positions of EDX point analysis reported in table 4.2.
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4.1.1 Considerations on the formation mechanism of thick

perovskite coatings

The corrosion potential as a function of time can represent a useful indicator of

corrosion layer formation. The corrosion potential is determined by the mixed po-

tential of metal oxidation and reduction of the oxidising agents. Generally, in molten

carbonate exposure of stainless steels, the �rst potential shift is associated with the

initial formation of the oxides. Chromium oxides dissolve in the melt as soluble chro-

mates, leaving a layer of iron oxide on the surface, that is lithiated in the lithium

carbonate to lithium ferrite. This outer layer separates the inner oxide from the

aggressive molten carbonate and prevents the inner oxide from further dissolution

reaction.

The presence of lithiated Fe-rich spinel phases suggested by XRD analysis and

the dual nature sublayer under the perovskite crystals, with a Fe-rich oxide as �rst

sublayer [lithium is not detected by EDX analysis] as observed by SEM cross section

analysis, is compatible with this corrosion mechanism. Regarding the nature of the

formed lithiated oxide, LiFeO2 is generally reported as corrosion product in common

molten carbonates. Formation of LiFe5O8 spinel phases has been reported to occur

however for austenitic stainless steels in CO2 rich Li/Na carbonates below 600 ◦C

[101], conditions matching quite well the ones used in this work. It is therefore likely

to suppose that a similar behaviour is maintained for ferritic stainless steel.

In the experiments here reported, a recurring tendency observed in most samples

is the slope change of the OCP curves occurring at approx. -0.7 V, suggesting the

occurrence of transition between two evolution mechanisms. Among the possible

electrochemical equilibria of Fe-species in molten carbonates, lithiation and oxida-

tion of magnetite reported in equation (4.1) is characterized by a standard potential

E0 = -0.67 V

4Fe3O4 + 0.5Li2O +O2 ⇀↽ 2.4LiFe5O8 (4.1)

It may therefore be supposed that in the adopted experimental conditions oxi-

dation of the surface to a Fe-Cr spinel phase occurs in the �rst hours, followed by

dissolution of Cr and leaving an iron rich spinel phase on the surface. Lithiation

of the Fe oxide and therefore oxidation of Fe2+ to Fe3+ could therefore proceed as

reported in equation (4.1). This process could be considered �nished when the tran-

sition observable in the OCP curves occurs. The surface would be then rich in Fe3+

ions, required for the reaction with lanthanum ions to form the perovskite oxide,

with the dissolution-precipitation mechanism reported in [76]. The ennoblement of
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the surface suggested by the OCP growth towards neutral values is therefore the ef-

fect of a mixed potential, with the perovskite presence driving the potential towards

neutral values. However, as evident in the K41 electrodes processed for 72 h in the

10Mg salt, even with the complete coverage of the surface with perovskite crystals

a neutral OCP is not obtained. It is likely to suppose therefore that the sublayer

has an in�uence in the OCP response of the steel in the molten carbonate salt, not

limited to the perovskite phase contribution.

Considering the above mentioned corrosion/passivation mechanism, the di�er-

ences observed between the K41 and the Crofer 22H samples are expected. In

particular, the faster passivation kinetic for the 22Cr steel may be ascribed to the

faster formation of a complete Fe3+ surface due to the di�erent chemical composition

of the steel. Furthermore, Crofer 22H electrodes tend to higher OCP values than

the K41 samples, suggesting therefore higher e�ectiveness of the perovskite-spinel

coating in the molten carbonate environment.

The di�erence in passivation kinetic observable between samples exposed in new

and used salts may be ascribable to multiple phenomena, such as the dissolution of

chromates in the melt, leading to the saturation of the salt with chromate species

and therefore to the deceleration of chromium dissolution for the sequent samples,

or to the precipitation of suspended additives induced by an external perturbation

(the sample introduction). The formation of precipitates, and the existence of so-

lute/precipitate equilibria with the subsequent di�usion kinetics from the bottom

of the alumina crucible is suggested by the thickness di�erence observable between

the electrode and the foil processed in the 10Mg salt, exposed respectively in the

small and in the scaled-up experimental setup. It is in fact unlikely to ascribe the

signi�cant di�erences in the scale thickness (∼2X) just to the increase in exposure

time, suggesting that the electrode was subjected to an environment characterized

by higher oxidizing power. This would be compatible with a precipitate rich in ox-

idizing species (i.e. La, Mg oxides): upon consumption of the reacting species on

the sample surface, di�usion of reactants from the bottom of the crucible towards

the steel would be in fact easier in the small crucible due to the shorter di�usion

pathway.

A further interesting element that can be evaluated from the comparison between

the electrode and the foil, is the di�erence in the depth of the perovskite layer: in

the 48 h exposed sample, the perovskite layer is constituted by the coalescence of

large crystals grown almost epitaxially on the thick Fe-rich oxide (�gure 4.15). After

72 h of treatment, the perovskite crystals extend almost to the interface between the

Fe-Cr oxide and the Fe-rich oxide �gure (4.12). This suggests that after the complete

coverage of the surface by perovskite crystals, lanthanum ions di�use towards the
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bulk - most likely at grain boundaries - and react with the internal iron oxide, with

an inward growth mechanism of the already formed perovskite grains.

4.2 Thin coatings

The salt composition can be modi�ed, through the addition of further additives,

to promote the perovskite formation through a template conversion mechanism of

the precursor layer. With this approach, thinner coatings are formed with faster

passivation times with respect to the nucleation and growth mechanism [8].

The OCP curves of K41 electrodes exposed in di�erent salts formulated to pro-

duce a thin coating are reported in �gure 4.16 in comparison with the thick 10Mg

formulation. It is clearly observable how the passivation kinetic is signi�cantly in-

creased with the additive addition. Both the 10Mg0.10X and 10Mg0.25X curves are

in fact characterized by a steep growth from the initial exposure time, with neutral

values obtained already after 8 hours and a plateau for exposure time superior to 12

hours for the 10Mg0.25X formulation, with the 10Mg0.10X curve reaching neutral

values after 24 h.

To evaluate how salt basicity and temperature in�uenced the passivation process

in presence of the additive, experiments were carried out on a medium basicity salt

(6Mg0.25X) evaluating Crofer22H steel samples behaviour at di�erent temperatures.

The OCP curves are reported in �gure 4.17 in comparison with a curve related to a

10Mg0.25X formulation at 575 ◦C. It can be observed how fast passivation kinetics

are retained in these conditions down to 560 ◦C. The curve acquired at 550 ◦C is

characterized by the slower growth, suggesting an inhibited passivation kinetic in

this condition. The comparison between the 575 ◦C curves shows that also in the

presence of the additive X the passivation kinetic is increased at higher melt basicity.

In �gure 4.18 are reported the XRD patterns of K41, SSHT and Crofer 22H

samples exposed for 48 hours in salts tailored to promote the formation of thin

coatings. In all cases, peaks ascribable to a LaFeO3 perovskite phase are evident,

con�rming the occurred growth of the perovskite layer. Re�ections ascribable to

the substrate are clearly observable in all cases, suggesting limited thickness of the

coating. Regarding the K41 steel, in all cases the patterns highlight the presence of

a Fe-rich spinel phase. Furthermore, haematite re�ections are visible in the higher

temperature (600 ◦C) patterns. Comparing the 10Mg0.10X 550 and 600 ◦C spectra,

it can be observed that the temperature increase promotes perovskite and haematite

growth. Comparing the patterns acquired on the 10Mg0.10X 600 ◦C and 10Mg0.25X

600 ◦C samples it can be observed how the higher additive content promotes the
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Figure 4.16: OCP curves of K41 steels processed at 600 ◦C in di�erent salt formu-
lations.

Figure 4.17: OCP curves acquired during the exposure of Crofer 22H samples in thin
formulation salt characterized by medium basicity (salt D) at di�erent temperatures
in comparison with the high basicity salt C.
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Figure 4.18: X-Ray Di�raction patterns (Mo surce) of the steel samples exposed in
di�erent conditions for 48 hours

haematite and spinel growth at the expense of the perovskite phase. Observing the

SSHT patterns related to samples processed in the 10Mg0.10X salt at 550 ◦C and

600 ◦C it can be observed how also in this case higher temperature enhances oxide

formation. However, di�erently with respect to the K41 sample, the pattern related

to the SSHT steel sample exposed in the 10Mg0.25X salt shows the perovskite phase

as main oxide phase, suggesting that limited oxidation of the steel occurs in these

conditions. In the case of the reported Crofer 22H pattern, the perovskite represents

the only oxide phase. Comparing the three di�erent steels processed in identical

conditions (10Mg0.25X-600 ◦C), it can be observed how oxide growth is clearly more

pronounced in the K41 steel, the cheapest steel, and almost completely inhibited

on the Crofer 22H sample, speci�cally designed to withstand highly oxidizing SOFC

conditions and exhibiting excellent oxidation resistance properties in the used molten

carbonate baths as well.

The SEM images of the three steels after 48 hours of treatment are reported in

�gure 4.19.

Starting from the K41 sample processed in the 10Mg0.10X salt at 600◦C, the

surface is characterized by the presence of a smooth oxide layer. The high mag-

ni�cation image (�gure 4.19b) shows that the smooth layer is composed of small

and well-de�ned crystals. Lowering the temperature, in the sample processed at

550 ◦C, the oxide layer is smoother, with the absence of a visible crystalline struc-

ture, with some iron-rich oxide globular particles visible on the oxide layer. The
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(a) (b) (c)

(d) (e) (f)

(g) (h) (i)

(j) (k) (l)

Figure 4.19: SEM images of di�erent foil samples passivated in di�erent conditions.
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sample processed in the 10Mg0.25X salt at 600 ◦C is instead characterized by the

presence of large and irregular oxide scales and globular aggregates of oxide parti-

cles, highlighted in �gure 4.19e, suggesting that the high temperature and additive

concentration led to an undesired overgrowth of the oxide layer.

Regarding the SSHT steel, all the samples are characterized by a smooth ox-

ide surface layer. The high magni�cation images show the presence of well de�ned

crystals in the samples processed at 600 ◦C, with minor di�erences observable be-

tween the two salt compositions. Similarly to the K41, the sample processed in the

10Mg0.10X salt at 550 ◦C exhibits a smooth surface oxide layer with no evident

crystalline structure.

Regarding Crofer 22H, the SEM analysis shows the presence of a smooth oxide

layer, with parallel marks ascribable to the steel surface �nish, highlighting the thin

nature of the passivation layer. As for the SSHT sample, no signi�cant changes in

morphology are evident between the sample exposed in the 10Mg0.25X salt at 600
◦C and in the 10Mg0.10X salt at 550 ◦C, that correspond to the extreme conditions

of the experimental design investigated in this work, con�rming the high stability of

the Crofer 22H steel in the used molten salts: the passivation layer formed on the

Crofer 22H in presence of the additive is in fact independent on the bath conditions

inside the explored experimental domain.

To further investigate the di�erent passivation behaviours between the steels,

sections of selected samples were prepared and analysed by SEM. In �gure 4.20 the

micrographs and corresponding EDX maps for K41 passivated in 10Mg0.10X salt

at 600 ◦C and SSHT passivated in 10Mg0.10X and 10Mg0.25X salts at 600 ◦C are

reported.

The K41 image shows an oxide scale on the sample surface of approx. 3 µm thick-

ness. The EDX map shows that the scale is consituted by a chromium-iron oxide

at the steel interface, and an iron-rich oxide towards the surface. Lanthanum seems

con�ned at the coating surface, and combining the EDX data with the backscattered

electron SEM image and XRD data is likely to identify the clear thin layer as the

perovskite phase, with an iron-rich oxide, corresponding to the haematite, and an

iron-chromium oxide, corresponding to the spinel phase, as sublayers. The section

of the SSHT steel passivated in the identical conditions shows similar features, with

a thinner oxide layer. In both cases the perovskite thickness is limited to less than

a micron, with a considerable di�erence with the thick coatings reported in section

4.1. Raising the additive concentration, the thickness of the oxide sublayer is dras-

tically reduced, and in the 10Mg0.25X processed sample a sub-micrometric oxide

layer is formed.

These preliminary experiments showed therefore that the bath can be tailored to
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(a)

(b)

(c)

Figure 4.20: SEM images of K41 and SSHT steel samples section after a passivation
treatment carried out for 48 hours at 600 ◦C and corresponding EDX maps for Fe,
Cr, O and La.
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promote the growth of thin coating layers through a template conversion mechanism

also in the case of high chromium ferritic steels. The passivation kinetic is enhanced

by additive concentration, temperature, and salt basicity. Higher temperature pro-

motes as well the structuration of crystalline perovskite structures and enhances

haematite formation.

Regarding the e�ect of the alloy, no signi�cant di�erences are observed on the

perovskite, limited for all the steels to thin sub micrometric layers. The cheap

and less noble K41 shows instead the tendency to form thicker oxide sublayers.

Furthermore, with high additive additions at high temperature (e.g. 10Mg0.25X at

600◦C), the K41 samples show an overgrowth of the oxide scale, not observed in the

case of the noble SSHT and Crofer 22H steels, that are characterized in the same

conditions by sub micrometric passivation layers.

Further studies and evaluation of the coating structure of high chromium steels

were focused on the K41 alloys, to produce coated foils for oxidation experiments.

Similarly as for thick coatings reported in section 4.1, K41 was chosen due to its

lower cost and readier availability for mass production with respect to the higher

chromium steels. Regarding the experimental conditions, the 10Mg0.25X salt was

selected, due to the faster passivation kinetics, carrying out the coating process at

600 ◦C and limiting the exposure time to avoid the overgrowth of the oxide scale.

In �gure 4.21 the XRD pattern of a K41 foil sample subjected to the passivation

treatment in the the 10Mg0.25X salt at 600 ◦C for 8 hours is reported. Apart from

the substrate re�ections, peaks ascribable to LaFeO3 perovskite, a Fe-rich spinel and

haematite can be observed. Di�erently from the 48 hours exposed sample perovskite

constitutes the main oxide phase, and the high intensity of the substrate re�ections

suggest that a limited growth of the surface layer occurred.

The surface morphology of the K41 sample is reported in �gure 4.22. After the

passivation treatment, the steel is coated by a homogeneous oxide layer, with the

presence of small globular particles apparently well adherent to the sublayer. The

decrease of the processing time is therefore e�ective to limit the oxide overgrowth

observed on the 48 hours samples, and furthermore represents a technological ad-

vantage.

In �gure 4.23 results of the section SEM analysis are reported. The image shows

the presence of an approx. 2 µm thick oxide layer on the steel surface. EDX maps

show that chromium is con�ned on the internal section, while lanthanum presence

is more evident on the surface. EDX spot analysis results, reported in table 4.3,

show a decreasing trend of lanthanum concentration with depth, and an increase in

chromium content. Comparing this results with the reported backscattered electron

SEM image and the data from the EDX map analysis, similarly as observed for the
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Figure 4.21: XRD pattern (Mo source) of a K41 steel foil after 8 hours of exposure
in the 10Mg0.25X salt at 600 ◦C.

Figure 4.22: SEM image of the surface of a K41 steel foil after 8 hours of exposure
in the 10Mg0.25X salt at 600 ◦C.
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Figure 4.23: SEM image of the section of a K41 steel foil after 8 hours of exposure
in the 10Mg0.25X salt at 600 ◦C, EDX maps for Cr, Fe and La and EDX spots (see
table 4.3).

micrographies reported in �gure 4.20, it is likely to ascribe the perovskite presence to

the thin and homogeneous clear layer visible in the SEM image, grown on iron-rich

oxide particles supported on a Fe-Cr spinel interface layer.

Table 4.3: Results of EDX analysis from points collected in �gure 4.23:

Point
Element (Wt%)

La Fe Cr O

1 16.6 28.1 2.3 53
2 5.9 39.2 3.9 50.9
3 1.2 44.8 9.1 44.9
4 50.2 16.4 33.3
5 80.3 16.8 2.9

In addition to the high chromium stainless steels, SS405 samples have been

processed to obtain fully coated samples for oxidation experiments, as reported in

chapter 2. The SS405 steel may represent a low cost alternative to high chromium

alloys, and furthermore constitutes an opportune benchmark for the coating be-

haviour due to its low corrosion resistance in typical SOFC environments [129]. In

�gure 4.24 the XRD pattern of a SS405 steel sample passivated for 48 h at 600 ◦C in

the 10Mg0.25X salt in reported. The pattern is ascribable to a mixture of LaFeO3
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Figure 4.24: X-Ray Di�raction patterns (Fe surce) of SS405 steel samples passivated
for 48 h in

perovskite phase, Fe-rich spinel phase and iron oxide (Fe2O3).

Results of SEM analysis are reported in �gure 4.25. It appears that the conver-

sion coating process resulted in the formation of a microcrystalline structure with

high uniformity and total layer continuity (4.25a). The higher magni�cation im-

age (4.25b) provides further details on the coating microstructure. The conversion

coating consists of a continuous layered structure (zone A in 4.25b) and of three-

dimensional islands formed of coating particles merging into crystallite agglomerates

on the top (zone B in 4.25b).

The continuity of the obtained coating is also evident from the SEM cross-section

image of 4.25c. A continuous, dense and adherent coating structure characterized

by thickness lower than 5 µm and virtual absence of a corrosion scale beneath the

coating layer is clearly observable. 4.25d shows a cross-section image of a coating

region covered with a particle agglomerate, where, similarly to 4.25b, zone A cor-

responds to the inner perovskite layer and the zone B consists of micrometre-sized

discrete particle agglomerates. Presence of La and Fe elements is found across the

coating, suggesting that LaFeO3 perovskite is the main constituent of the particle

agglomerate surface and of the underlying layered coating regions.
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Figure 4.25: SEM image of surface (a and b) and section (c and d) at di�erent
magni�cation of the 13Cr steel after the molten carbonate coating treatment.

4.2.1 Considerations on the formation mechanism of thin per-

ovskite coatings

The growth of the perovskite coating through the previously reported template

conversion mechanism [8] occurs through the substitution of lithium ions in an op-

portune template oxide by lanthanum ions. This results in the formation of thin

coatings, and obviously requires the formation and presence of the template layer.

Lithiated iron oxides, in particular rock-salt structured compounds (i.e. LiFeO2), are

known to act as suitable templates, forming the perovskite oxides through metathe-

sis reactions [130]. The experiments conducted in the 10Mg0.10X, 10Mg0.25X and

6Mg0.25X suggest that in all of these melts the right compromise between oxidizing

power and basicity to promote the formation of the template layer is obtained.

The "classical" molten carbonate corrosion mechanism of ferritic stainless steels

is composed of oxide formation, chromium dissolution in the outer layer and sub-

sequent formation of lithiated iron oxides. The occurrence of such process in the

reaction melts is suggested by the structure observed on SS405 and K41 steels, sug-

gesting that oxidation phenomena occur to a greater extent in the less noble steels

(i.e. SS405, K41) before the formation of a passive layer. As a further element, struc-

tural and morphological analysis of the less noble alloys show that just a thin layer

of the iron oxide is lithiated and converted to the perovskite, as suggested by the
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presence of both a Fe-Cr spinel and the unlithiated haematite phases in the K41 and

SS405 steel sublayers. The absence of secondary phases, other than the perovskite,

observed for the Crofer 22H passivated samples and, in selected circumstances, for

the SSHT steel suggest instead that on these alloys a signi�cantly thinner corrosion

layer is formed, lithiated and converted to the perovskite.

Evaluating these evidences, it is also likely to suppose that the precursor for-

mation constitutes the kinetically limiting step in the coating formation process. A

thin perovskite layer could be in fact formed also in the case of a fast lithiation

step coupled to a slow perovskite formation reaction. However, upon the hypothesis

of a slow iron oxide lithiation and a fast conversion to perovskite, then presence

of hematite could be easier to explain. Fast conversion of a slow-forming lithiated

iron to perovskite could in fact lead to a stop in the lithiation process - due to the

presence of the protective perovskite - leaving the thin perovskite layer structure on

the haematite phase, as observed by cross-sectional SEM analyses. This hypoth-

esis is in agreement with the occurrence of metathesis reactions, assumed to take

place in the examined case [8], commonly promoted by large reactions enthalpies

and characterized by fast kinetics [131, 132] .

4.3 Economic evaluation of the passivation method

Conversion coatings appear as promising strategies to passivate stainless steels at low

manufacturing costs. Well-established industrial practices exist for conversion treat-

ments applied to low corrosion-resistant substrates (i.e., Al, Mg alloys, carbon and

low-alloyed steels). Surface conversion methods are usually identi�ed by industry

as an inexpensive treatment, requiring minimal surface preparation or consolidation

post treatments. Large capital investments can also be avoided as these passivation

treatments are prevalently realised through simple one-pot, one-step processes.

The economic evaluation reported in this section does not claim to be exhaustive

for all the possible expenses, but rather to give a rough estimate evaluating material

and energy requirements, without assessing capital and labor costs. Obtaining high

running costs on this �rst evaluation, with SECA DOE target for the coating depo-

sition process well below 10$/interconnect, would clearly raise doubts about further

development of the technique.

Some assumptions were carried out for the evaluation of the process cost:

� The interconnect production process (usually consisting in several forming,

cutting and soldering steps) should allow to coat the desired parts before the

�nal assembly, therefore not requiring the application of masks during the
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molten carbonate process;

� Direct scale up of the energy and CO2 consumption observed in the large lab-

scale experiments was carried out to evaluate the related costs. It is likely

to hypothesize that this assumption gives rise to an overestimation of the

consumed energy and gas with respect to purposely designed furnace systems;

� During large lab-scale experiments, successful depositions have been carried

out on the same salt batch for up to approx. 1 month of operation. The

salt bath lifespan is therefore estimated in 30 days. This assumption as well

should represents a highly conservative approximation, due to the notably high

stability of molten carbonates [128];

� With maximum ∼0.4 m2
steel/kgsalt of foils (double sided) processed simulta-

neously in the large-scale experiments, the cost of the salt was calculated

considering an amount of 50 kg for every square metre of steel;

� 48 and 8 h were considered as processing time for respectively thick and thin

coatings, allowing respectively 15 and 90 sets of samples to be processed in

each salt batch during its lifetime;

� An average perovskite thickness of 5µm and 0.5µm, respectively for thick

and thin coatings, was considered to assess the lanthanum amount consumed

during the conversion process;

� The price of the chemicals taken as reference for the estimate of the salt cost

is reported in table 4.4.

Table 4.4: Summary of prices for analytical grade chemicals to be used for the
molten bath (Alfa Aesar):

compound price (e/kg)

Na2CO3 15
Li2CO3 45
MgO 170
La2O3 350
total 47

The summary of the running costs related to the molten carbonate conversion

process is reported in table 4.5. The result shows that the passivation method

may be characterized by appealing costs, in particular in the case of thin coatings.

The di�erences between the two coating morphologies is mainly due to the di�erent
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processing time, allowing to passivate a lesser number of pieces during the foreseen

salt life. Among the di�erent cost items, large part of the cost would be ascribable

to the salt (∼ 75%). Longer exploitation of the salt and use of cheaper technical

grade chemicals could therefore lead to a signi�cant reduction in the process cost.

Table 4.5: Summary of materials and energy cost for the molten carbonate conver-
sion coating process:

thick coating thin coating

energy (e/m2) 42 7
CO2 (e/m2) 3.6 0.6
salt* (e/m2) 156 26

Lanthanum (e/m2) 8 0.8

tot (e/m2) 208 34
cost per interconnect coating** (e) 2.08 0.34

*=
amount[kg/m2] · price[e/kg]

lifespan[days] · samples[#/days]

**=10X10cm area

The values here reported are therefore promising, as comparable or relatively

cheap with respect to common strategies adopted for deposition of spinel or per-

ovskite coatings [133�135], suggesting the economical validity of the chosen approach

and justifying to further develop the technique.
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Chapter 5

Metal decorated perovskite

composite coatings

Taking advantage of the reported high solubility of certain metal oxides in basic

molten carbonates, as introduced in section 1.4, it is likely to suppose that is possi-

ble the tailoring of the reaction media to exploit opportune galvanic couples in the

molten carbonate process. This could result in an enhancement of the sublayer oxi-

dation phenomena due to the galvanic corrosion reactions (i.e. introducing a metal

nobler than iron) and a simultaneous coating functionalization by the correspondent

metal reduction. The production of two-phase composites may represent a suitable

approach to tune the coating properties (see section 1.4).

This strategy has been here evaluated considering three di�erent metals in the

production of thick perovskite coatings: copper, nickel and silver. As reported in

table 1.3, the elements were chosen as representing three di�erent electrochemical

conditions: nickel, slightly nobler with respect to iron; copper, with an electro-

chemical potential considerably higher than iron but not reaching neutrality with

respect to the CO2/O2/Au electrode; silver, possessing a positive highly oxidizing

electrochemical potential.

5.1 Copper-dispersed composite

In Figure 5.1 the OCP curves measured for K41 steel electrodes in 3Mg2Cu and

3Mg4Cu salts are reported in comparison with a curve acquired in the 3Mg salt. For

all the curves some similarities can be observed: an initial slow potential increase is

followed by a sharp growth starting approximately at the OCP value of -0.7V. An

enhancement of the passivation kinetics can be observed with the increase of copper

content, with the curves related to 3Mg2Cu and 3Mg4Cu characterized by faster
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Figure 5.1: OCP curves of K41 steel samples electrode processed at 600 ◦C in salts
characterized by di�erent Cu content.

transition onsets, respectively after 20 h and 12 h, with �nal OCP values of approx.

-0.4V after 48 h.

For both the Cu-added salts, the �nal OCP value is compatible with the presence

on the sample surface of metallic Cu. The copper oxide reduction reaction, reported

in table 1.3, is in fact characterized by a standard potential versus the oxygen

electrode E0 = −0.4V.

In �gure 5.2 the XRD patterns of electrode samples processed in the di�erent

salts and for di�erent times are reported. The samples exhibit similar features to

the samples passivated in the undoped salt reported in section 4.1. Perovskite con-

stitutes the main phase, with secondary peaks ascribable to the presence of Fe-rich

spinels. However, peaks ascribable to the presence to metallic copper (Cu - JCPDS

card N. 4-836) are evident. It is noteworthy to observe that copper is evident only as

metal phase, with no trace of copper oxides observable in the XRD patterns. This

suggests the occurrence of galvanic coupling reactions involving copper oxide reduc-

tion on the electrode surface, most likely coupled to iron oxidation from the oxide

sublayer. A di�erence in copper signal intensity is observable between the samples

treated in salt A for 26 hours and 48 hours. This suggests that re-dissolution of

the metallic copper takes place for excessive immersion time. Although the cop-

per re-dissolution mechanism is still not entirely understood, it could be related to

cessation of the galvanic coupling e�ect with iron. When the passivation of the

steel surface is completed, in fact, there is no further iron available for cathodic
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Figure 5.2: X-Ray Di�raction patterns (Mo surce) of K41 steel samples subjected
to the passivation treatment at 600 ◦C in salts characterized by di�erent Cu content
for di�erent time intervals.

protection of the metallic copper leading to copper oxidation and its re-dissolution.

Such signi�cant di�erence cannot be observed in the case of 3Mg4Cu salt samples,

where both patterns are characterized by a similar intensity of Cu peaks, suggesting

that the higher content of copper in the melt may inhibit the copper re-dissolution

phenomena.

In �gure 5.3 SEM images of electrodes processed in 3Mg2Cu and 3Mg4Cu salts

for 26 and 48 hours are reported. Starting from the sample exposed for 26 hours

in the 3Mg2Cu salt, it can be observed that cubic perovskite grains have grown on

top of a plain Fe-Cr oxide layer. Furthermore, the presence of rounded and irregular

copper metal particles partly grown inside the perovskite grains and partly directly

deposited on the oxide sublayer can be observed. The SEM image of the sample sub-

jected to the 48 h treatment in the same salt formulation shows a complete surface

coverage by the perovskite crystals, but with a signi�cantly lower copper presence.

In particular, large number of hollow and defected crystals can be observed, con�rm-

ing XRD data and suggesting that dissolution of the previously deposited metallic

copper occurs between 26 and 48 h in the 3Mg2Cu salt. Evaluating samples sub-

jected to the treatment in the 3Mg4Cu salt, it can be observed that a full coverage

by perovskite grains can be obtained after 26 h immersion. This suggests that a

higher copper content in the carbonate bath may promote the perovskite formation,

as visible also by in-situ electrochemical analyses. Furthermore, defected perovskite
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Figure 5.3: SEM images of K41 steel samples surface after the passivation treatment
at 600 ◦C in salts characterized by di�erent Cu content for di�erent time intervals.

grains are already visible, suggesting that the metallic copper re-dissolution is al-

ready taking place after 26 h treatment in this salt composition. No signi�cant

changes in morphology are observable for longer exposure time: after 48 hours, the

perovskite cubic crystals are characterized by more de�nite edges, meaning that

a complete structuration is obtained for longer exposure time, but similar cavities

and defects are observable. In the 48 h 3Mg4Cu SEM image, a cavity containing

a small copper residue is highlighted. The presence of small copper particles in-

side perovskite cavities furthermore supports the hypothesis that crystal voids are

originated by the dissolution of previously deposited copper.

To scale-up the process and to prepare passivated steel samples for the oxidation

experiments, 3Mg4Cu salt was chosen to minimize the process time, due to the faster

kinetics promoted by the higher copper content. The evaluation of the OCP curves

and of the di�erent morpho-structural properties of the treated samples can allow

to identify the optimal passivation treatment time. A minimum time of approx. 18

hours is suggested by the end of the sharp OCP growth. On the other hand, the

exposure time should be limited to avoid copper dissolution phenomena. There-

fore, considering that after 26 hours of exposure copper re-dissolution was already

observed, the process time was limited to 24 hours.

In Figure 5.4 the XRD pattern of a passivated steel foil is reported. The La-

Fe perovskite constitutes the main phase, with further re�ections ascribable to the
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Figure 5.4: X-Ray Di�raction patterns (Mo surce) of a K41 steel foil subjected to
the passivation treatment at 600 ◦C in the 3Mg4Cu salt for 24 h.

substrate and to a Li-rich Fe spinel (Li5Fe5O8 � JCPDS card N. 40-943). Small

halos ascribable to metallic copper presence are also visible. From the comparison

with the small crucible experiments, some di�erences can be observed. In particular,

a reduced spinel phase is formed on the steel foil samples. This may be related to

di�erent oxygen activity in the molten salt contained in small and large crucibles,

as suggested already in section 4.1.1. The presence of the La-Fe perovskite phase

as main constituent of the sample surface suggests however that the scale up had

limited e�ect on the perovskite coating formation process.

SEM analyses of surface and cross-section of the K41 coated foil sample are re-

ported in Figure 6. It can be observed that the treatment promotes the homogeneous

coverage of the whole surface with cubic perovskite grains and rounded embedded

metal copper particles. From EDX analysis an overall surface atomic ratio Fe:Cu 7:1

was calculated.

The analysis of the cross-section shows a multi-layer structure approximately

10 µm thick. As evident from the EDX map and the EDX results reported in

table 5.1, the La-Fe perovskite is concentrated in the outer layer (point 5), grown

on an iron-rich oxide (point 4). Below this iron oxide, a Fe-Cr oxide (point 3) is

formed. Furthermore, a narrow interfacial oxide layer between the Fe-Cr oxide and

the steel (point 1) is observable and reported as point 2. From the analysis of EDX

results, negligible amount of copper was detected in the perovskite phase or in the

spinel sublayer. This suggests that copper ions in the melt are not taking part in
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Figure 5.5: SEM image of the surface of a K41 sample after the passivation treatment
carried out for 24 h in the 3Mg4Cu salt at 600 ◦C

the perovskite or in the spinel formation reactions. The presence of copper in the

coating is therefore exclusively due to the galvanic deposition of the metallic phase

with no signi�cant copper doping phenomena of the perovskite or of the spinel oxide

phases observed during the passivation process.

Table 5.1: Results of EDX analysis from points collected in �gure 5.6:

Point
Element (Wt%)

La Fe Cr Cu Mn O

1 60.3 16.4 23.3
2 1.1 58.7 1.0 39.3
3 1.3 27.3 27.7 0.3 43.4
4 0.4 37.5 28.5 0.4 33.2
5 0.3 78.9 17.3 0.3 3.2

The di�erence observed between the 3Mg4Cu electrode and the scaled up 3Mg4Cu

foils, although not signi�cant in the mechanism evaluation, are most likely ascrib-

able to the experimental setup, allowing to highlight a new experimental variable as

suggested section 4.1.1. In particular, the electrodes treated in the 3Mg, 3Mg2Cu

and 3Mg4Cu salts were processed at the bottom of the alumina crucibles, while the

foils treated in the 3Mg4Cu were suspended. This is likely to con�rm therefore the

e�ect of the precipitate in the molten salt, and its in�uence on the local basicity.
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Figure 5.6: SEM image of the section of a K41 sample after the passivation treatment
carried out for 48 h in the 3Mg4Cu salt at 600 ◦C with EDX maps for Fe, Cr, La,
Cu and O and the position of EDX analysis reported in table 5.1.

To further evaluate the in�uence of copper addition, further experiments were

carried out suspending the electrodes at approx. 1 cm of height from the crucible

bottom, as carried out for the 10Mg samples in section 4.1. The e�ect of bath

basicity was furthermore evaluated carrying out the experiments at a high bath

basicity level (i.e. 10% mol MgO).

In �gure 5.7 the OCP curves of di�erent K41 electrodes passivated in a 10Mg1Cu

salt are reported in comparison with the undoped salt curve. The curves are char-

acterized by a slow initial growth, followed by a sharp transition, and a plateau

at approx. -0.4 V. In comparison with the 10Mg curve a signi�cant enhancement

in passivation kinetics cannot be observed, suggesting that the acceleration of the

perovskite growth induced by the copper addition may be higher in low basicity

conditions. An evident di�erence between the doped and undoped condition is rep-

resented by the �nal OCP values. While in the 10Mg salt the OCP tends to grow

towards neutral values, in the 10Mg1Cu salt the OCP reaches approx. -0.4 V and

remains constant. This may be ascribed to the presence of metallic copper on the

sample surface.

The XRD patterns of K41 electrodes processed for 22 h, 72 h and 120 h in the

10Mg1Cu salt are reported in �gure 5.8. After 22 h of exposure, the pattern is

ascribable to a mixture of Fe-rich spinels, LaFeO3 and metallic copper. Increasing
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Figure 5.7: OCP curves of K41 steel electrodes exposed at 600 ◦C in the 10Mg1Cu
salt for di�erent processing time.

the exposure time, after 72 h perovskite and copper re�ections are more intense,

at the expense of spinel and substrate re�ections. The pattern related to 120 h of

exposure is characterized by features similar to the 72 h with a lesser presence of

copper. The evolution of copper peaks suggests that also in these conditions disso-

lution phenomena of the deposited copper take place after the complete perovskite

formation.

In �gure 5.9 the surface SEM micrographs and corresponding EDX maps for Fe,

Cu and La are reported. After 22 h of exposure, the surface is covered by a smooth

Fe-rich oxide that acts as sublayer for small rounded copper particles and cubic

perovskite grains. Copper deposition occurs, similarly as observed in the Cu doped

3Mg salt, on the perovskite grains as well. After 72 h the whole surface is homo-

geneously covered by the perovskite, with large rounded copper particles deposited.

Raising further the exposure time no signi�cant di�erence can be observed regarding

the perovskite crystals, while is evident the occurrence of copper re-dissolution: the

surface copper content (Wt%) of the 120 h sample is in fact 1/3 with respect to the

72 h sample.

The comparison of the 72 h sample processed in the 10Mg1Cu and 10Mg (�gure

4.11) salts shows how in the presence of copper smaller crystals are grown. This

may be due to a faster nucleation rate promoted by the galvanic reaction occurring

in presence of copper.

Results of the SEM section analysis of the K41 electrode processed for 72 h at
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Figure 5.8: X-Ray Di�raction patterns of K41 steel electrodes exposed at 600 ◦C in
the 10Mg1Cu salt for di�erent processing time.

(a) (b)

(c) (d)

Figure 5.9: SEM images K41 steel electrodes surface exposed at 600 ◦C in the
10Mg1Cu salt for di�erent processing time (a,b,c) and corresponding EDX maps for
Fe,Cu and La (d).
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Figure 5.10: SEM image of the section of a K41 steel electrode exposed at 600 ◦C
in the 10Mg1Cu salt for 72 h and corresponding EDX maps for Cr, Fe, La, Cu and
O.

600 ◦C in the 10Mg1Cu salt is reported in �gure 5.10. The electrode surface is

characterized by the presence of an approx. 20 µm thick oxide scale. A multi-layer

structure can be observed, composed by a discontinuous oxide scale at the steel-

coating interface, a chromium-iron rich oxide, an iron-rich oxide and the perovskite

grains. Large copper particles can be observed on the surface, while minor copper

inclusions can be observed at the iron oxide-perovskite interface, most likely orig-

inated by the coverage of the small metallic copper particles observed in the 22 h

sample by perovskite grains. Comparing with the electrode processed in similar

conditions in the 10Mg salt (�gure 4.12), it can be observed that copper addition

promotes the growth of a thinner oxide layer

5.2 Nickel-dispersed composite

As second case-study metal, to con�rm that the formation of the copper-perovskite

composite coating is due to the occurrence of generic electrochemical reactions oc-

curring in molten salt, and not to a phenomenon limited to copper oxide reduction,
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Figure 5.11: OCP curves acquired during the exposition of K41 steel electrodes in
di�erent nickel containing salts.

the addition of nickel to the molten bath was evaluated. To study the formation

mechanism in presence of nickel, salt basicity and temperature were varied as well.

In this section are therefore described the results obtained with the 10Mg1Ni and

6Mg1Ni salts described in chapter 2.

In 5.11 the OCP curves of K41 steel sample processed in di�erent conditions are

reported. It can be observed that in all cases the OCP remains constant at approx.

0.8 V, compatibly with the electrochemical redox potential of nickel as reported in

table 1.3.

The XRD patterns of K41 electrodes processed in di�erent conditions are re-

ported in �gure 5.12. The sample processed in the 10Mg1Ni salt for 22 h at 600 ◦C

is characterized by the presence of multiple Fe-rich oxide phases and minor traces

of perovskite growth. No clear signs of nickel deposition are visible. Raising the

exposure time, the pattern suggests the structuration of the perovskite phase. Rais-

ing the temperature, the perovskite phase constitutes the main oxide phase already

after 22 h, suggesting that a faster perovskite growth occurs. The samples processed

in the 10Mg1Ni salt do not show however peaks ascribable to nickel.

Lowering the salt basicity in the presence of nickel seems to favour the formation

of metallic nickel and perovskite: the pattern of the sample exposed for 20 h in

the 6Mg1Ni salt is characterized in fact by perovskite as the main oxide phase,

and metallic nickel peaks well evident. Raising the exposure time, structuration of

Fe-rich spinel phases occurs, while nickel content decreases signi�cantly, with the

127



Nickel-dispersed composite

Figure 5.12: X-Ray Di�raction patterns of K41 steel electrodes exposed in nickel
containing salts.

sample exposed for 138 h characterized by the absence of re�ections ascribable to

the metal.

SEM micrographs of the samples surface is reported in �gure 5.13. After 72 h in

the 10Mg1Ni salt at 600 ◦C the surface is almost completely covered by perovskite

crystals of heterogeneous dimension. With respect to the undoped salt, the per-

ovskite grains are characterized by smaller size. Raising the temperature up to 640
◦C, the perovskite growth process seems inhibited, with the appearance of several

zones characterized by small and irregular crystals. This morphology is observable

both after 22 h of exposure and after 72 h, with a coarsening and growth of the

crystalline structure occurring between 22 h and 72 h.

The samples treated in the 6Mg1Ni salt show instead di�erent morphologies.

After 20 h of exposure, the sample surface characterized by the presence of a homo-

geneous layer of Fe-rich oxide partially covered by perovskite crystals. Similarly as in

the Cu-doped salts, nickel particles are embedded in the perovskite grains and small

nickel nuclei are deposited on the oxide sublayer. Increasing the processing time

dimensional growth of the perovskite crystals occurs, without however a complete

perovskite coverage, along with disappearance of nickel particles.

The SEM section analysis of the sample processed for 72 h at 600 ◦C in the

10Mg1Ni salt is reported in �gure 5.14. The sample is characterized by an oxide

scale approx. 15 µm thick. The coating possesses once again a multi-layer structure

similar to the one observed in the 10Mg and 10Mg1Cu samples, with a �rst Cr-rich
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(a) (b)

(c) (d)

(e) (f)

Figure 5.13: SEM images of K41 steel electrodes processed in nickel containing salts.
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Figure 5.14: SEM image of the section of a K41 steel electrode exposed at 600 ◦C
in the 10Mg1Ni salt for 72 h.

interfacial layer, covered by a Fe-Cr oxide layer, a Fe oxide layer and the perovskite

grains. However, di�erently from the above mentioned cases, the presence of large

domains of La-Fe rich oxide - most likely perovskite - at the interface between the

Fe and the Fe-Cr oxides (the clear phase evident at the center of the oxide scale) is

noteworthy.

5.3 Silver-dispersed composite

The third metal chosen to assess the mechanism of metal-perovskite composite for-

mation was silver, as a noble metal easily obtainable in oxide form and characterized

by appreciable solubility in molten alkali carbonates.

The OCP curves of K41 electrode treated at 600 ◦C are reported in �gure 5.15.

The curves acquired in the Ag doped bath are characterized by shape similar to

the reference undoped bath, with fast passivation kinetics: neutral OCP values are

reached after approx. 26 hours of exposure, compatibly with the presence of silver

on the surface (see E0 in table 1.3).

The XRD patterns of samples processed in the 10Mg1Ag salt for 22 h and 72 h

are reported in �gure 5.16. In both cases the spectra are ascribable to a mixture

of perovskite, as main oxide phase, Fe-rich spinel, metallic silver and substrate

contributions.
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Figure 5.15: OCP curves acquired during the exposition of K41 electrodes at 600
◦C in the 10Mg1Ag salt.

Figure 5.16: X-Ray Di�raction patterns of K41 steel electrodes exposed at 600 ◦C
in the 10Mg1Ag salt for 22 h and 72 h.
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(a) (b)

(c) (d)

Figure 5.17: SEM images of K41 steel electrodes exposed at 600 ◦C in the 10Mg1Ag
salt for 22 h and 72 h; (a,c) secondary electrons images, (b,d) backscattered electrons
images.

In �gure 5.17 the surface SEM micrographs are reported. After 22 h of expo-

sure, the surface is covered by a smooth Fe-rich oxide that acts as sublayer for cubic

perovskite grains and small rounded silver particles deposited on the sublayer and

embedded in the perovskite crystals. The surface morphology is remarkably simi-

lar to the sample exposed to the 10Mg1Cu salt, suggesting that the same growth

mechanisms are involved. After 72 h the whole surface is homogeneously covered

by the perovskite, with large irregular silver particles deposited. The perovskite

grains exhibit di�use pits, most likely originated by the dissolution of small silver

particles embedded in the perovskite. The silver particles as well are characterized

by a porous surface, suggesting that the dissolution phenomenon hypothesized for

the small particles is occurring for the larger aggregates as well.

Results of the SEM section analysis of the sample processed for 72 h in the

10Mg1Ag salt is reported in �gure 5.18. As in the case of the undoped, Cu and

Ni salts, the coating if composed by a multilayer structure, with Fe-Cr oxides at

the steel interface and iron oxides towards the perovskite crystals. The porous
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structure of silver particles deposited on the perovskite grains is clearly evident,

con�rming the evidence obtained through surface SEM analysis. With respect to

the 10Mg1Cu and 10Mg samples exposed in similar conditions, the thickness of the

coating (in particular of the sublayer) is reduced to approx. 10 µm, con�rming the

faster passivation suggested by the OCP curves.

Figure 5.18: SEM image of the section of a K41 steel electrode exposed at 600 ◦C
in the 10Mg1Ag salt for 72 h and corresponding EDX maps for Cr, Fe, La, Ag and
O.

In �gure 5.19 a detail of the coating structure is reported. The presence of small

clear silver particles embedded in the perovskite grain at the sublayer interface con-

�rm that silver deposition has already occurred at the initial stages of the perovskite

formation. Furthermore, the interpenetration of the metal inside the perovskite crys-

tal is observable in certain points. This suggests that the perovskite grain growth

proceeds around silver nuclei, and that the large silver particles evident on the sam-

ple surface are originated by silver deposition both simultaneously and after the

complete perovskite growth. Evaluating instead the interface between surface silver

particles and perovskite grains, the metal particle does not seem adherent to the

oxide grain, suggesting that no chemical interfacial layer between the metal and the

perovskite exists. However, the observed interpenetration is most likely associated
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Figure 5.19: SEM image of the section of a K41 steel electrode exposed at 600 ◦C
in the 10Mg1Ag salt for 72 h depicting the detail of a silver particle (clear, top)
deposited on perovskite grains (medium gray, center) grown on the Fe-rich oxide
sublayer (dark grey, bottom). Clear small silver particles can be observed ad the
interface between the sublayer and the perovskite.

to high mechanical adhesion of the metal particles to the coating layer.

5.4 Formation mechanism of metal-perovskite com-

posite coatings

The enhancements of the oxidizing power of the melt promotes the structuration of

the perovskite layer, as reported in section 4.1. The introduction of oxide species that

may act as oxidant for Fe2+ ions should be therefore bene�cial for the passivation

process, in particular in low basicity formulations - as observed in the 3Mg4Cu

and 3Mg2Cu salts in comparison with the undoped salt. In higher basicity salts

(i.e. 10% mol MgO in the melt), despite not observing signi�cant enhancement in

the initial process kinetic, the addition of oxidizing species results in the growth of

thinner oxide layers, as evident comparing the electrodes processed in the 10Mg salt

(�gure 4.11) with 10Mg1Cu (�gure 5.10) and 10Mg1Ag (�gure 5.18) salts. A faster

formation of e�cient passivation layers is therefore likely to occur: in particular,

signi�cantly thinner Fe-oxide sublayers are obtained, suggesting that less chromium

dissolution takes place when Cu and Ag are added to the high basicity salt.
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The experiments carried out with the addition of nickel highlights further in-

teresting elements. When nickel is added to the high basicity salt, scarce metal

deposition is obtained and the perovskite growth seems inhibited. When the ba-

sicity is lowered, signi�cant metal reduction is observed during the �rst hours of

experiment, and the deposited metal amount signi�cantly decreases for high pro-

cessing time, without however observing a full perovskite coverage.

Comparing the equilibrium potential, nickel should represent an oxidant for

metallic iron, but could ensure cathodic protection towards the oxidation of Fe2+ to

Fe3+ ions when occurring through the mechanism supposed in section 4.1. Nickel is

therefore likely to be reduced on the surface at the expense of Fe atoms, but is likely

to be readily oxidized protecting Fe2+ ions from further oxidation. The presence

of reduced spinel phases (i.e. Li5Fe5O8), rich in Fe2+ ions, in the XRD patterns of

samples treated in the Ni-doped salts for long exposure times (e.g. 72h) con�rms

this hypothesis.

Furthermore, nickel re-oxidation could subtract oxide ions needed for the per-

ovskite formation. The development of defective and irregular perovskite grains, as

observed in low basicity undoped salts (see �gure 4.3), suggests thus the reduction

of the overall oxidizing power of the melt in presence of nickel. The absence of an

e�ective passivation layer is clearly evident in the cross sectional image reported

in �gure 5.14: the presence of the perovskite at the Fe-Cr oxide/Fe oxide inter-

face suggests the inward growth of perovskite crystals, most likely occurring at the

LaFeO3/Li-Fe oxide grain boundary interfaces, connected to inward lanthanum and

outward lithium ions di�usion and denoting the absence of an e�ective passivation

behaviour of the perovskite phase.

The results related to the lower basicity salt 6Mg1Ni show that in the �rst

hours of experiment signi�cant nickel deposition occurs. It is likely that in this salt,

characterized by lower oxidizing power, a higher contribution for the initial steel

oxidation is due to nickel/iron galvanic coupling, promoting higher nickel reduction.

After this �rst phenomenon, it is likely that the lower oxidizing power of the melt

can not promote the fast nickel re-oxidation observable in the 10Mg1Ni salt, leading

to slower solubilization kinetics. However, nickel can still act as cathodic protection

for further iron oxidation, inhibiting complete coverage of the sample surface by the

perovskite.

The experimental evidences reported in this work and the evaluation of corrosion

mechanisms of stainless steels in common molten carbonates, described in section

1.4.1, and of the formation of La-Fe perovskite layers by dissolution-precipitation

reactions [8, 76] allow to propose a formation mechanism for the metal-perovskite

composite coatings, schematically reported in �gure 5.20:
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Figure 5.20: Schematic representation of the proposed metal-perovskite composite
coating formation mechanism described in section 5.4.

a The oxidizing metal ions dissolved in the melt interact with the steel and give rise

to the formation of a galvanic couple with iron, promoting its oxidation and

the precipitation of the oxidizing metal on the sample surface;

b Fe3+ oxidized species react with lanthanum oxides in the melt to form the per-

ovskite phase;

c The galvanic coupling of the nobler metal can occur also through the perovskite

oxide, acting as electronic conductor, resulting in the deposition of the metal

on the growing perovskite crystals;

d The formation of the perovskite phase clearly occurs also in the absence of the

galvanic coupling. Common mechanisms of iron oxidation, carried out by

dissolved oxide ions, and its reaction with lanthanum oxides give rise to the

formation of perovskite crystals as in undoped melts;

e Once the surface is completely covered by the perovskite oxide, the conditions for

galvanic coupling of the oxidant metal with iron cease to exist (i.e. no ionic

medium contact). Without galvanic protection given by the iron oxidation,

the reduced metal species are oxidized by oxide ions in the melt;

f The oxidized metals dissolve in the melt, with mechanism and kinetics dependent

on their nature, leaving hollow perovskite crystals.
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Chapter 6

Evaluation of the high temperature

stability of coated steels

To evaluate if the La-Fe perovskite based conversion coatings could be suitable for

the application in SOFC technology, passivated samples were subjected to exposure

tests in simulated SOFC environments to evaluate the stability of the coating layer

in the selected conditions. The experiments were carried out at 700 ◦C, as repre-

sentative of IT-SOFC operating temperature. Di�erent alloys and coating structure

combinations were evaluated to assess the e�ectiveness of the di�erent synthetic

strategies evaluated in chapter 4 and 5. The 13Cr SS405 alloy was selected for

several reasons: this alloy may in fact constitute a low cost alternative to high

chromium ferritic stainless steels, and due to its poor oxidation resistance in simu-

lated operating conditions [129] it represents a suitable benchmark for a protective

layer. The 18Cr K41 ferritic stainless steel was selected instead as a common SOFC

interconnect material readily available and relatively cheap (with respect to highly

alligated high chromium ferritic alloys), to evaluate the oxidation response of the

di�erent La-Fe perovskite based conversion coatings.

A summary of the tested samples is reported in table 6.1.

Table 6.1: Summary of the coated steels and perovskite structures combination
subjected to oxidation experiments reported in this chapter:

Steel Coating Morphology Section

SS405 La-Fe thin perovskite layer 6.1
K41 La-Fe thick perovskite layer 6.2.1
K41 La-Fe thin thin perovskite layer 6.2.2
K41 Cu/La-Fe thick composite layer 6.2.3
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Oxidation behaviour of La-Fe perovskite coated SS405 steel

Figure 6.1: Weight change of uncoated and LaFeO3 coated SS405 samples during
discontinuous oxidation experiments at 700◦C in humid air (3%).

6.1 Oxidation behaviour of La-Fe perovskite coated

SS405 steel

The e�ect of the perovskite coating on the long-term oxidation behaviour in air at

700 ◦C of the 13Cr steel is illustrated in �gure 6.1. The uncoated steel follows a

slow quasi-linear rate of oxidation. The LaFeO3 perovskite coated steel is instead

characterized by a di�erent behaviour: an initial abrupt weight gain is observed

in the �rst 200 h exposure, and after this time the coated steel presents no further

appreciable weight gain over long time exposure. No visible yellowish colour changes

of alumina supports, ascribable to Cr release, were observed for the coated samples.

The initial fast oxidation of the coated samples can be explained by assuming

that oxygen-de�cient oxides constitute the coating layer, formed in the oxygen-lean

molten salt bath. Thus, the initial weight gain should indicate the occurrence of

a rapid oxygen uptake to form more stoichiometric oxide phases. After the initial

oxidation period, the protective e�ect of the coating becomes evident as testi�ed

by the very low weight gain, suggesting the absence of further signi�cant oxygen

uptake.

In �gure 6.2 the XRD patterns of the samples exposed for 1000 hours and 1800

hours are reported in comparison with the as-coated sample. Growth of haematite

and spinel phase is visible in the oxidized samples pattern. Small peak shifts of the
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iron-rich spinel phase towards higher 2Θ values, as clearly evident from the 2Θ∼74°
peak, could be due to a change in lattice parameter induced by Cr enrichment of

the spinel phase, most likely occurring during the �rst hours of test as suggested

by the similarity observable between the 1000 h and the 1800 h pattern. The mi-

nor peak observable at 2Θ∼39° could not be unambiguously assigned, although it

could indicate the formation of lanthanum silicates or lanthanum/lithium silicates

(e.g. LiLaSiO4 - JCPDS card n. 48-0006) most likely structured during the high

temperature exposure.

Silicates are known to be highly soluble in molten carbonate salts [136]. Silicon

extraction from the steel could lead to the presence of silicon rich residuals on the

coating surface after the passivation treatment. The washing procedure carried

out in water most likely does not remove e�ciently the deposited silicates, scarcely

soluble in water solutions. However, lanthanum silicates and lithium silicates are

commonly characterized by high ionic conductivity [137, 138]. The formation of

discrete particles on the coating surface should therefore not represent a threat for

the coating e�ectiveness in term of electric properties.

Furthermore, removal of silicon from SOFC interconnect steels is recognized

as an important issue in order to avoid formation of electrically insulating silica

beneath the chromia surface [139]. Since conventional surface treatments used for

Si removing from steels are in general very costly, the molten carbonate treatment

can be seen also as a convenient and easy way for production of silicon-free steel

interfaces for SOFC applications.

Surface microstructure evolution of coated steel samples as a function of expo-

sure time is shown in �gure 6.3. No signi�cant di�erences can be observed in the

sample surface morphology, suggesting that LaFeO3 conversion coatings possess high

stability and protective and di�usion barrier properties in these conditions. Only a

tiny growth of the particle agglomerate sizes can be discerned after 1000 h exposure,

most likely occurring in the �rst hours of test. The relative proportion of Fe and

La in the two characteristic zones of the perovskite coating is reported in table 6.2,

in terms of Fe/La atomic ratio. The results suggest that the molten carbonate con-

version process resulted in the formation of a non-stoichiometric LaFeO3 perovskite

coating with a large excess of Fe cations. Furthermore, the Fe/La ratio signi�cantly

increases in the particle agglomerate region with increasing exposure time suggesting

that a gradual structural surface change is taking place in the perovskite structure

due to some Fe surface segregation phenomena. This should be not unexpected,

since description of surface Fe segregation in non-stoichiometric LaFeO3 perovskites

with a Fe/La ratio >1 is a phenomenon already described in literature [140]. Accord-

ing to the proposed structural model, perovskite maintains its structural stability
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Oxidation behaviour of La-Fe perovskite coated SS405 steel

Figure 6.2: X-Ray di�raction patterns (Fe source) of the coated SS405 samples after
di�erent exposure intervals at 700◦C in humid air (3%)

by accommodating the Fe excess in surface layers composed of FeO6 octahedra. In

agreement with our results, the stability of such non-stoichiometric perovskite struc-

tures has been reported to degrade signi�cantly only above 800 ◦C, when the surface

defects, i.e. the FeO6 octahedra, collapse into a separated haematite phase.

Table 6.2: Perovskite chemical composition (Fe/La ratio) of smooth coating areas
and particles clusters as reported in �gure 6.3:

As Coated 1000 hours 1800 hours

Smooth Particle Smooth Particle Smooth Particle
layer (A) cluster (B) layer (A) cluster (B) layer (A) cluster (B)

4 6 6 10 6 12

Results of surface and cross-section SEM analyses of the coated 13Cr steel af-

ter 1800 hours of exposure in air at 700 ◦C are reported in �gure 6.4. The low

magni�cation surface image (6.4(a)) clearly shows that no apparent spallation and

detachment phenomena occurred during the exposure experiment, the steel surface

still being homogeneously and completely covered by the perovskite coating. The

morphology of the smooth sublayer (zone A) and of the particle agglomerates (zone

B) observed at high magni�cation (6.4(b)) is comparable with what is observed

on the initial coated sample denoting no apparent chemical or thermo-mechanical

degradation mechanism of the perovskite coating structure under the selected ex-
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Figure 6.3: SEM images of the coated SS405 samples after di�erent exposure inter-
vals at 700◦C in humid air (3%)

perimental conditions. Examination of the cross-section coating (6.4(c,d,e)) allowed

to reveal some slight changes in the coating structure, but not in the thickness. A

denser appearance of the perovskite coating and notably of the particle agglomerate

structure is clearly observable indicating that exposure led to compacting or sin-

tering of the coating structure. The EDX maps (6.4(e)) show only lanthanum and

iron as metallic elements in the external coating layer, while a thin and constrained

chromium rich oxide layer is clearly observable beneath the perovskite coating, sug-

gesting that the LaFeO3 layer behaves as an e�ective Cr di�usion barrier.

To evaluate the behaviour of uncoated and coated samples in highly demanding

dual atmosphere environments (i.e. Air on the cathode side and H2 on the anode

side), the uncoated and coated steel were subjected to exposure tests as indicated

in chapter 2.

Figure 6.5 reports the results of the ASR conductivity experiments carried out in

dual-atmosphere conditions at 700 ◦C. The uncoated stainless steel shows a gradual

degradation of surface electrical performances up to approximately 700 hours. After

this period a signi�cant ASR evolution is observed, indicating that a severe degrada-

tion mechanism is occurring on the oxidized steel surface. The coated sample shows

a similar behaviour, with breakaway occurring after 500-600 hours. In both cases

the contact resistance abruptly increases towards the ohm value range in just a few

hours from the start of the breakaway event, suggesting that the surface degradation

process should be similar in both the samples.

This was a somewhat unexpected result since the perovskite coating exhibited

a signi�cantly higher oxidation resistance in single atmosphere tests. It is also
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Oxidation behaviour of La-Fe perovskite coated SS405 steel

Figure 6.4: SEM images of the coated SS405 steel surface (a and b) and section
(c and d) after 1800 h of exposure in air at 700 ◦C with the high magni�cation
cross-sectional image incorporating the EDX mapping of La, Fe, and Cr elements
(e)

important to note that, before the breakaway event, the LaFeO3 conversion coating

resulted in ASR values comparable to the uncoated steel. Much more accurate ASR

values on the uncoated 13Cr steel were reported in previous studies by using contact

paste methods [129]. Acceptably low ASR values, much below 50 mΩ · cm2, were

obtained at 700 ◦C and under single air atmosphere, suggesting that a comparable

contact resistance behaviour would be expected also for the LaFeO3 coating.

The XRD patterns of the samples after dual atmosphere testing are reported

in �gure 6.6. In the case of the uncoated steel, only peaks ascribable to haematite

phase are observable, indicating that the abrupt growth of electrical resistance could

be due to massive growth of Fe2O3 on the sample surface. The pattern related to

the coated sample is ascribable to a mixture of haematite and Fe-Cr spinel phases,

with the perovskite phase peaks no longer visible.

The surface microstructure of the steel coupons after 750 h exposure in dual

atmosphere oxidation conditions is reported in �gure 6.7 and �gure 6.8, where sur-

face and cross-section micrographs of the uncoated and coated steel samples are

respectively reported. Starting with the uncoated sample, �gure 6.7(a) shows that

the steel surface is completely covered by a homogeneous layer rich in iron oxide.

The oxide scale, represented in section in �gure 6.7(b) appears very thick, although
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Figure 6.5: ASR curves acquired at 700 ◦C in dual-atmosphere (H2/air) conditions
for the coated and uncoated SS405 steel

Figure 6.6: X-Ray di�raction patterns of the air-side steel surfaces after oxidation
experiments carried out at 700 ◦C in dual-atmosphere (H2/air).
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Oxidation behaviour of La-Fe perovskite coated SS405 steel

Figure 6.7: SEM images of the air-side steel surface (a) and section (b) of the
uncoated SS405 steel after oxidation in dual atmosphere at 700 ◦C and over imposed
SEM/EDX map of Fe and Cr elements.

a good general morphology is apparently preserved in terms of scale density, adher-

ence and compactness. A dual layer nature is clearly observable being the iron oxide

(i.e., haematite) concentrated on the outer surface, whereas the innermost layer is

made up of a mixed Fe-Cr oxide.

In marked contrast with the uncoated steel sample, the perovskite coated sample

surface, depicted in �gure 6.8(a), shows a damaged structure compatible with a local-

ized nodule attack. The surface shows, in fact, a characteristic buckled appearance,

with presence of numerous protruding haematite nodules. The haematite nodules

appear to be separated by more uniform regions of layered haematite, and nodules

and layered haematite regions cover almost completely the sample surface. By way

of example, the cross-section of �gure 6.8(b) shows the morphology of a number

of oxides nodules at di�erent stage of growth lying over highly porous (Fe,Cr)-rich

regions (oxidation spots). Furthermore, only some fragment remnants of the initial

perovskite coating can be observed, mostly present in those surface regions that are

far away from the iron oxide nodules. Coating detachment losses could also explain

the absence of LaFeO3 peaks in the XRD spectra of �gure 6.6.
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Figure 6.8: SEM images of the air-side steel surface (a) and section (b) of the LaFeO3

coated SS405 steel after oxidation in dual atmosphere at 700 ◦C and over imposed
SEM/EDX map of Fe and Cr elements.

6.1.1 Corrosion mechanism in dual-atmosphere oxidation en-

vironments

Hematite formation in dual atmosphere oxidation experiments should not be surpris-

ing since several studies have already described that similar phenomena take place in

stainless steels as a consequence of a localized disruption (breakaway) of the initially-

formed protective oxide layer [141�145]. Studies on breakaway corrosion in SOFC-

relevant oxidizing conditions focus however on high Cr ferritic stainless steels (18Cr

and higher) since they easily form a continuous, self-healing and thin chromia layer,

at least in simple oxidizing atmospheres, which is needed for a good corrosion pro-

tection in SOFC interconnect applications. Breakaway corrosion on high Cr ferritic

steels usually occurs as a non-uniform type of attack via a nodular growth corrosion

mechanism. According to a prevalent view, haematite-rich nodules initially form at

some small defects present in the protective chromia layer due to enhanced Fe cation

mobility in hydrogen-containing atmospheres, resulting in a gradual conversion of

chromia into a much less protective (Fe,Cr) oxide spinel. With a su�ciently long

exposure lateral growth of haematite nodules may eventually cause the build-up of

a continuous and thick haematite layer. However, according to �gure 6.7(b), any

strong oxidation spot beneath the layered oxide scale that could indicate a localized
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initiation site for a haematite nodule formation could be not seen on the uncoated

13Cr steel sample. Moreover, the corrosion scale appears highly uniform with a very

limited porosity development and absence of characteristic bumps or nodules over

the whole sample surface (�gure 6.7(a)). All these features do not seem consistent

with a classical breakaway corrosion mechanism via a localized nodule attack. In

this respect, previous studies indicate that uncoated 13Cr steels form (Fe,Cr) spinel

oxides rather than the more protective chromia layers when exposed to air at 700
◦C in single oxidation atmosphere experiments [129]. Relevant to this, it has been

also reported that the Fe tracer di�usion coe�cient is about 3 orders of magnitude

higher than Cr in (CrxFe1−x)3−δO4 spinels over a wide range of oxygen activity and

cationic composition [146], thereby suggesting that a poor dual atmosphere corro-

sion resistance of 13Cr steels in comparison to high Cr steels can be expected due to

a much more rapid Fe cation transport through a (Fe,Cr) spinel layered surface. The

growth process of haematite is likely to be controlled by fast lattice di�usion of Fe

cations within the (Fe,Cr) spinel layer leading to uniform growth of haematite lay-

ers (layer-by-layer mechanism) in place of a localized corrosion attack. As a further

support to the proposed mechanism, it may be worth mentioning that formation of

continuous thick layers of haematite has been sometimes reported also on high Cr

steels [144]. In particular, Rufner et al. [143] observed the growth of a thick and

continuous Fe-rich oxide layer in a 18Cr (type 441) ferritic stainless steel exposed for

300 h at 800 ◦C [143] in dual air / 97H2-3H2O atmospheres. The authors suppose

that the use of high H2 concentrations at the anode side could have dramatically

enhanced the formation of more and more localized Fe-rich nodules and their quick

lateral growth over the whole steel surface leading to formation of a continuous and

thick haematite layer. Consistent with the classical breakaway corrosion model, the

corrosion layer was characterized by the presence of a porous haematite-rich surface

layer and by strong tendency to scale spallation, which is very di�erent from the

compact and adherent corrosion scale that we have observed on the uncoated 13Cr

steel.

Conversely, the degradation mechanism of the perovskite coated steel appears

to be very di�erent from that of the uncoated 13Cr steel. Like high Cr steels, the

LaFeO3 coated surface shows evident signs of a localized type of corrosion attack,

although the degradation rate of the surface electrical properties appeared very

similar to the uncoated 13Cr steel as per �gure 6.5, thus suggesting some similarities

in the breakaway mechanism at some later stage of reaction in both the cases.

However, the initiation of the localized attack on the coated steel is not easy to

explain, although it may be supposed that some structure or chemical heterogeneity

in the surface coating could be a preferential site for initial attack. From this
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viewpoint, a spatially heterogeneous coating surface defect could be originating from

an uneven distribution of coating thickness. In particular, suppositions could be

made if a corrosion model involving local thin coating areas as preferential sites for

initial localized attack in dual oxidation atmospheres can be used to interpret our

experimental �ndings.

As previously mentioned, overall stability of perovskite oxides can be generally

considered as the sum of thermodynamic and kinetic stability properties. At the

anode H2/H2O gas ratio used in this work, the oxygen partial pressure on the anode

side is in the order of 10−24 atm, which leads to a steep oxygen chemical gradient

between the opposite sides of the steel coupon. On the other hand, the LaFeO3 is a

thermodynamically stable phase over a wide range of oxygen partial pressures. For

instance, the decomposition oxygen pressure at 800 ◦C is around 10−22 atm [147],

which could suggest that LaFeO3 should retain its structure stability, according to

thermodynamics, since it is unlikely that the oxygen partial pressure would be lower

than 10−22 atm inside the coating material, at 700 ◦C. Although LaFeO3 meets

the criteria for thermodynamic stability at these conditions, in�uence of hydrogen

on kinetic stability of the LaFeO3 coating cannot be excluded due to the already

mentioned tendency towards Fe segregation. Hydrogen di�usion in a steel lattice

occurs in a relatively short time, if compared with the experiment scale [148]. Per-

meation from the anode side, occurring in the �rst hours of experiment, will induce

a steep oxygen concentration gradient across the perovskite coating layer, which

could enhance the Fe cation transport and its surface segregation in the thinnest

parts of the perovskite coating, where kinetic demixing e�ects and oxygen chemical

gradients are the highest. Consequently, since these areas are the most susceptible

to phase degradation and decomposition they should also correspond to the pref-

erential sites for localized haematite nodule attack. Once haematite nodules are

formed, it is likely that mechanical failure of the perovskite coating under the in-

�uence of evolving stress between the growing nodules and adjacent coating regions

will promote further propagation of the corrosive attack in a way similar to the

uncoated 13Cr steel. In fact, coating detachment will leave exposed a (Fe,Cr) spinel

sublayer with a chemical composition very similar to that naturally forming on the

uncoated 13Cr steel. Fe cation transport through the surface regions covered only

by the spinel layer should therefore raise to haematite formation in later stages of

reactions through a more uniform growth mechanism similar to that discussed for

the uncoated steel.
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(a) as-coated → 200 h (b) 200 h → 400 h

Figure 6.9: Pictures of the K41 foil samples passivated with a thick La-Fe perovskite
coating on the alumina supports after the indicated intervals of oxidation (air, 700
◦C).

6.2 Oxidation behaviour of passivated K41 steel

6.2.1 Thick perovskite coating

K41 samples passivated with a thick La-Fe perovskite based coating, processed for

48 h in the 10Mg salt, were subjected to oxidation treatments in air to evaluate the

coating stability.

In �gure 6.9 the pictures of alumina supports used for the experiments are shown.

After the �rst 200 h the support is stained with yellowish marks. Being chromate

salts characterized by yellow colour, it is straightforward to identify the stains with

chromate release from the exposed samples. When proceeding for further exposure

time, samples were rinsed in distilled water after 200 h and processed on new sup-

ports. After the initial release phenomena, no stains were observed for the following

exposure intervals, suggesting that the observed chromium release is a transient phe-

nomenon, probably related to contaminated salt residues not removed despite the

long washing procedure in boiling water (see section 2).

In �gure 6.10 the XRD patterns of a K41 thick coated sample after exposure

for di�erent intervals up to 1000 h are reported in comparison with the as-coated

sample.

During the �rst 200 h of exposure minor peaks (*) ascribable to a mixed (Fe,Cr)2O3

phase appear [Cr1.3Fe0.7O3 - JCPDS card N. 35-1112], most likely ascribable to

the structuration of thin chromia-like oxide at the steel interface. Furthermore, a
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Figure 6.10: X-Ray Di�raction patterns (Mo surce) of the K41 steel samples passi-
vated with a thick La-Fe perovskite coating after oxidation experiments carried out
for di�erent exposure time in air at 700 ◦C in comparison with the as-coated sample;
(*) indicates re�ections ascribable to a mixed (Cr,Fe)2O3 oxide.

slight shift of spinel peaks towards higher angles can be observed, probably due to

chromium enrichment of the spinel oxide. After the �rst 200 h of experiment no sig-

ni�cant changes are evident, suggesting high structural stability of the oxide phases

for further processing time.

To evaluate the morphological changes induced by the oxidation treatment to

the coated sample, in �gure 6.11 is reported the SEM image of a coated sample after

200 h of experiment. The high temperature exposure promotes smoothing of the

perovskite grains, but no other signi�cant di�erences with respect to the as-coated

sample are evident.

In �gure 6.12 the results of cross section SEM analysis of the sample exposed for

200 h are reported. No signi�cant growth of the oxide thickness can be observed.

The coating retains the multi-layer morphology, with minor closed porosity origi-

nated in particular at the Fe oxide / Fe-Cr oxide interface. Slight detachment of the

perovskite crystals highlight the fragility of the ceramic coating layer, and consid-

ering the overall compactness of the surface morphology are most likely due to the

mechanical polishing procedure. Regarding the composition, EDX data reported in

table 6.3 suggest the enrichment in iron of the perovskite layer and in chromium

and manganese of the Fe-Cr oxide layer, suggesting slight element di�usion from the

steel in the Fe-Cr oxide to form mixed Fe-Cr-Mn phases.
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Figure 6.11: SEM image of the surface of a K41 sample passivated with a thick
La-Fe perovskite coating after 200 h of oxidation in air at 700 ◦C.

Figure 6.12: SEM image of the section of a K41 sample passivated with a thick
La-Fe perovskite coating after 200 h of oxidation in air at 700 ◦C with EDX maps
for Fe, Cr and La and the position of EDX analysis reported in table 6.3.
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Table 6.3: Results of EDX analysis of the points indicated in �gure 6.12:

Point
Element (Wt%)

La Fe Cr Mn O

1 61.3 17.3 21.5
2 0.3 60.1 0.8 38.8
3 0.2 29.5 25.0 0.3 45.0
4 0.2 82.2 14.5 3.1

The surface morphology of a coated sample after 1000 h of oxidation is reported

in �gure 6.13. No major di�erences are observed with respect to the 200 h oxidized

sample.

In �gure 6.14 the SEM cross-sectional analysis of the 1000 h oxidized sample is

reported. Again, the image suggests that the coating has retained its multi-layer

structure with well de�ned interfaces, with the perovskite coating on top of an

iron-rich layer, a Cr-Fe layer and a Cr-rich thin scale. Results from the EDX spot

analysis, reported in table 6.4 suggest a slight further iron and oxygen enrichment

of the perovskite layer and manganese and chromium enrichment of the Fe-Cr spinel

intermediate layer. Remarkably, negligible presence of chromium is detected in the

perovskite and in the Fe-rich spinel, suggesting that chromium is not incorporated

in the perovskite phase or in the �rst sublayer, and that the coating acts as e�ective

chromium barrier in the adopted experimental conditions.

Table 6.4: Results of EDX analysis of the points indicated in �gure 6.14:

Point
Element (Wt%)

La Fe Cr Mn O

1 57.8 19.7 22.4
2 0.3 59.7 0.8 39.2
3 0.2 29.2 29.2 0.5 41.0
4 80.2 17.2 2.6
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Figure 6.13: SEM image of the surface of a K41 sample passivated with a thick
La-Fe perovskite coating after 1000 h of oxidation in air at 700 ◦C.

Figure 6.14: SEM image of the section of a K41 sample passivated with a thick
La-Fe perovskite coating after 1000 h of oxidation in air at 700 ◦C with EDX maps
for Fe, Cr and La and the position of EDX analysis reported in table 6.4.
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6.2.2 Thin perovskite coating

Samples coated with a thin La-Fe perovskite layer, processed in the 10Mg0.25X salt

for 8 h, were subjected to oxidation treatments in air similarly to thick-layer coated

coupons. Di�erently from the thick coated samples, no yellow stains were observed

on the alumina support after the high temperature oxidation experiments.

The XRD patterns reported in �gure 6.15 allow to follow the structural evolution

of the coated samples in air at 700 ◦C. During the �rst 200 h, growth of haematite

and spinel phase occurs, similarly as observed in the SS405 case (see �gure 6.2).

Furthermore, minor re�ections ascribable to the structuration of a La-rich silicate

phase appear. Between 200 h and 400 h of exposure the growth of haematite and

spinel phase proceeds, as well as the silicate phase structuration.

Di�erently to the thick La-Fe layer case, the thin coating is characterized there-

fore by a higher evolution during the �rst hours of test, similarly as the SS405 coated

samples reported in section 6.1. This suggests that despite the di�erence in the sub-

strate composition, similarities in the passivation layer morphology and structure

promote the same oxidation phenomena.

The surface morphology of the surface after 200 h of oxidation is depicted in

�gure 6.16. No sign of spallation or cracks are detected, with the steel sample

homogeneously covered. The oxidation treatment promotes the structuration of

small crystals, and the smoothing of the globular particles seen on the as-coated

sample. The appearance of �ber-like particles can be observed, most likely ascribable

to the structuration of silicates.

The cross-sectional analysis image is reported in �gure 6.17, with the EDX maps

for Cr, Fe and La. The steel is covered by a dense oxide scale, with heavy elements

(i.e. La) concentrated in a thin scale, as observed in the as-coated sample. With

respect to the as-coated sample, characterized by irregular bumps due to the presence

of small super�cial iron oxide particles, smoothing of the surface occurred, with the

oxidized sample characterized by a signi�cantly more regular surface. Results of

EDX spot analysis, reported in table 6.5, con�rm the trend observed for the as-

coated sample, with lanthanum signal decreasing with the coating depth. EDX

data suggest furthermore Fe-Cr enrichment of the oxide scale, compatible with the

structuration and growth of the spinel and haematite phase observed with XRD

di�raction. Traces of Manganese are also detected at the interface, con�rming the

tendency of Mn to di�use in the chromium-rich interface oxide layer, as observed in

section 6.2.1.
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Figure 6.15: X-Ray Di�raction patterns (Mo surce) of the K41 steel samples passi-
vated with a thin La-Fe perovskite coating after oxidation experiments carried out
for di�erent exposure time in air at 700 ◦C in comparison with the as-coated sample;
(*) indicates re�ections ascribable to a La-rich silicate phase.

Figure 6.16: SEM image of the surface of a K41 sample passivated with a thin La-Fe
perovskite coating after 200 h of oxidation in air at 700 ◦C.
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Figure 6.17: SEM image of the section of a K41 sample passivated with a thin La-Fe
perovskite coating after 200 h of oxidation in air at 700 ◦C with EDX maps for Fe,
Cr and La and the position of EDX analysis reported in table 6.5.

Table 6.5: Results of EDX analysis of the points indicated in �gure 6.17:

Point
Element (Wt%)

La Fe Cr Mn O

1 8.3 33.3 1.9 56.6
2 2.9 43.8 8.5 0.4 44.4
3 0.8 36.1 26.4 1.5 35.2
4 79.6 17.3 0.5 2.6

The surface after 400 h of exposure is reported in �gure 6.18. The samples are still

characterized by a dense appearance of the coating layer, with further structuration

of the small crystals and �brous particles observed after 200 h.

The cross-sectional analysis image is reported in �gure 6.19, with the EDX maps

for Cr, Fe and La. The steel is covered by a dense and adherent oxide scale. The

coating shows high similarity to the 200 h exposed sample, with the surface richer in

heavy elements (i.e. La). From the EDX maps, Cr seems con�ned in the interface

layer. Results of EDX spot analysis, reported in table 6.6, con�rm the observation

carried out on the as-coated sample and on the 200 h exposed steel, suggesting that

after the oxidation experiment the oxide scale is composed of the thin perovskite

layer well adherent to an iron oxide layer, covering a mixed Fe-Cr oxide layer. Also

in this case Mn presence can be detected at the interface, in amounts signi�cantly
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Figure 6.18: SEM image of the surface of a K41 sample passivated with a thick
La-Fe perovskite coating after 400 h of oxidation in air at 700 ◦C.

higher than those detected in oxidized thick coatings. In the case of a thin protective

layer, higher compositional gradients subsist: cationic mobility and evolution of the

coating layer is therefore promoted, as testi�ed also from the morphological evalu-

ation. The absence of chromium-related stains on the alumina supports, and the

chromium con�nement by the perovskite layer observed with SEM/EDX analysis,

suggests however that the phenomena is limited to the sublayer, and, as observed

on the SS405 steel, also in the case of thin coatings grown on the K41 steel the

perovskite acts as e�ective barrier to chromium release protecting the alloy from the

oxidation.

Table 6.6: Results of EDX analysis of the points indicated in �gure 6.19:

Point
Element (Wt%)

La Fe Cr Mn O

1 22.0 16.1 1.8 60.2
2 5.3 41.1 5.7 47.9
3 1.2 26.7 26.1 2.7 43.2
4 0.3 81.1 15.3 3.2
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Figure 6.19: SEM image of the section of a K41 sample passivated with a thin La-Fe
perovskite coating after 400 h of oxidation in air at 700 ◦C with EDX maps for Fe,
Cr and La and the position of EDX analysis reported in table 6.6.

6.2.3 Cu-perovskite composite coating

The behaviour of the Cu-perovskite composite coating was evaluated with oxidation

experiments in air at 700 ◦C similarly to the previous samples. As observable in

�gure 6.20a, after the �rst 200 h of test yellowish stains were visible on the alumina

plate, as in the case of the thick La-Fe perovskite coated steel (�gure 6.9). The

samples exposed for further time, rinsed in distilled water after the �rst 200 h and

exposed on new supports, do not show traces of contamination. This suggests that

chromium release from thick La-Fe perovskite coatings obtained by the molten car-

bonate passivation method occurs as a transient phenomenon, most likely ascribable

to the presence of contaminated salt residues.

In �gure 6.21 the XRD patterns of the oxidized sample after di�erent exposure

times are reported. Similarly to the as-coated foil, the perovskite oxide constitutes

the main phase, suggesting also in this case the high stability of the perovskite

phase. Further re�ections are ascribable to the substrate and to the presence of

a Fe-rich spinel phase, similar to the one observed on the thick-coating oxidized

samples described in section 6.2.1. A comparison with the as-coated pattern suggests

that the high temperature exposure led therefore to the oxidation of the partially-

reduced Li5Fe5O8 spinel phase with the formation of the new spinel phase. No

re�ections ascribable to copper oxide or metallic copper are evident. Furthermore,
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(a) as-coated → 200 h (b) 200 h → 400 h

Figure 6.20: Pictures of the K41 foil samples passivated with a Cu-perovskite com-
posite composite on the alumina supports after the indicated intervals of oxidation
(air, 700 ◦C).

the oxidized samples are characterized by the presence of minor peaks ascribable to

a lanthanum-rich silicate phase (i.e. LiLaSiO4), as previously observed on the thin

oxidized perovskite coatings (section 6.1 and 6.2.2).

SEM images of the surface of a sample exposed for 200 h is reported in �gure 6.22.

Regarding the coating structure, the oxidation treatments promote a smoothing of

the cubic grains, but no major di�erences can be observed with respect to the as-

coated sample (�gure 5.5). The evidence of aggregates of �brous La-Si rich particles

on the perovskite grains con�rms the occurred structuration of lanthanum silicates

during the high temperature exposure suggested by XRD analysis.

From the cross-section analysis, reported in �gure 6.23, it can be observed that no

signi�cant evolution of the oxide layer occurs during the high-temperature exposure,

although some closed porosity has developed in particular in the spinel sublayer.

The outer layer shows minimal di�erences with respect to the as-coated sample,

suggesting that also in this case the perovskite coating is characterized by high

stability. Results of EDX spot analysis, reported in table 6.7, indicate an evolution

of the sublayer composition but not of the perovskite outer layer. High-temperature

exposure clearly promotes chromium di�usion. However, it is interesting to observe

that chromium di�usion seems not directed outwardly, but from the Fe-Cr oxide

layer towards the steel-coating interface, resulting in the formation of a chromium

rich oxide layer (point 4, �gure 6.23). Furthermore, it is interesting to observe the

presence of copper in the iron-rich oxide (point 2), suggesting inward copper ion

di�usion.
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Figure 6.21: X-Ray Di�raction patterns (Mo surce) of the K41 steel samples pas-
sivated with a Cu-perovskite composite coating after oxidation experiments carried
out for di�erent exposure time in air at 700 ◦C in comparison with the as-coated
sample.

Figure 6.22: SEM image of the surface of a K41 sample passivated with a Cu-
perovskite composite coating after 200 h of oxidation in air at 700 ◦C.
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Figure 6.23: SEM image of the section of a K41 sample passivated with a Cu-
perovskite composite coating after 200 h of oxidation in air at 700 ◦C with overim-
posed EDX maps and the position of EDX analysis reported in table 6.7

Table 6.7: Results of EDX analysis of the points indicated in �gure 6.23:

Point
Element (Wt%)

La Fe Cr Cu Mn O

1 63.6 17.1 19.2
2 0.4 57.6 1.2 1.5 39.3
3 46.8 10.8 42.3
4 24.0 39.9 0.7 35.4
5 87.6 9.8 2.5

The morphology of the surface of a sample exposed for 400 h is reported in

�gure 6.24. The surface is covered by a homogeneous crystalline layer, with the

presence of some �brous particles analogous to the one observed after 200 h of

exposure. Regarding the perovskite phase, no signi�cant di�erences can be observed

in comparison to the as-coated sample apart from the smoothing of crystals edges,

as observed in the La-Fe undoped thick coating.

Results of the SEM section analysis of a sample exposed for 400 h are reported

in �gure 6.25. From the morphological point of view, great similarity is observable

with the as-coated sample (�gure 5.6), suggesting that no signi�cant evolution of

the oxide scale occurs after 400 h at 700 ◦C. The EDX maps con�rm the multi-

layer structuration of the coating, with chromium gathering at the steel-coating
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Figure 6.24: SEM image of the surface of a K41 sample passivated with a Cu-
perovskite composite coating after 400 h of oxidation in air at 700 ◦C.

interface layer. Results of EDX spot analysis, reported in table 6.7, indicate that

the evolution observed after the �rst 200 h of exposure is carrying on. Copper traces

are still visible in the �rst Fe-rich oxide layer, but in minor amount. Furthermore,

manganese concentration in the chromium rich layer suggests its di�usion toward

the interface with the formation of mixed Cr-Fe-Mn spinels.

Table 6.8: Results of EDX analysis of the points indicated in �gure 6.25:

Point
Element (Wt%)

La Fe Cr Cu Mn O

1 59.6 16.3 24.2
2 46.8 22.4 0.4 0.4 30.0
3 2.2 44.1 9.3 0.4 44.0
4 0.4 18.5 36.7 0.7 43.8
5 37.1 28.7 1.3 32.9
6 85.5 12.3 2.2

Regarding copper di�usion in the spinel sublayer, two hypotheses may be raised

regarding its presence: migration from the coating surface, or oxidation and di�usion

from the spinel/perovskite interface. The �rst possibility may be supported by the

absence of large copper oxide clusters evident in the surface. However, if di�usion

pathways that allow copper migration towards the bulk exist, it is likely to expect
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Figure 6.25: SEM image of the section of a K41 sample passivated with a Cu-
perovskite composite coating after 400 h of oxidation in air at 700 ◦C with overim-
posed EDX maps and the position of EDX analysis reported in table 6.8.

chromium outward migration through the same paths, with its release not hindered

by the coating layer: signi�cant chromium di�usion across the �rst spinel sublayer

and the perovskite layer should therefore be observed. This is in contrast with the

visual inspection of the alumina supports, showing that after the initial chromate

deposition no signi�cant evolution is observed, and with the sectional analysis. The

second option is deriving instead from the deposition mechanism. It was in fact

clearly demonstrated in the case of silver-perovskite composite deposition, due to the

opportune experimental response of Ag in backscattered electron images - causing

it to light up with respect to the perovskite phase due to its high molecular weight

- that small metal particles are encased in the perovskite grains at the sublayer-

perovskite interface (see �gure 5.19). Despite not being evident in the copper-

perovskite composite layers evaluated with high temperature oxidation tests, due

to the lower molecular weight of Cu, it is likely to suppose that similar trapping of

metallic copper occurs during the deposition process. The traces detectable in the

spinel sublayer could then be due to its presence at the perovskite/spinel interface

prior to the exposure experiments as discrete metal particles, undergoing oxidation

at high temperature and di�using in the iron-rich sublayer.
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6.3 Concluding remarks on the oxidation behaviour

of coated steels

The results reported in this chapter allow to draw some conclusions on the oxidation

behaviour of the coated steels. The perovskite-based coatings showed high stabil-

ity, when oxidized in single environment experiments. The tests carried out on the

SS405 steel, alloy characterized by poor corrosion resistance at 700 ◦C, showed a

remarkable improvement of its oxidation behaviour, with an initial coating evolution

during the �rst hours of exposure, ascribable to the oxygen-lean nature of the syn-

thesis environment, followed by slight changes in the coating structure up to 1800

h. The comparison of these �ndings with the results reported for the uncoated steel

show therefore that the thin perovskite based coating is highly e�ective in oxidizing

conditions. The results related to the 18Cr K41 steel con�rm the �ndings regarding

the perovskite-based coating stability for both thin and thick coating layers, allowing

to compare the di�erent evolutions promoted by the di�erent coating morphologies.

In particular, while little morphological and compositional evolution can be observed

in the case of thick layers (i.e. La-Fe and Cu/perovskite composite), the experiments

conducted on thin coatings show higher chemico-physical evolution, with signs of

cation di�usion phenomena most likely due to the higher chemical gradients derived

by the reduced thickness.

Regarding chromium retention capability, a qualitative evaluation was performed

observing the alumina supports used for the exposure tests. In the case of thick

La-Fe and Cu-perovskite composite coatings, characterized by similar morphology,

yellowish stains on the alumina supports were observed after the �rst 200 h of

exposure in air. For further exposure time no signs were observed. Cross-sectional

analysis of the thick coatings did not show chromium presence across the perovskite

layer, suggesting that chromium release may be a transient phenomenon due to

salt residues on the surface of the thick coating layers. This morphology could be

therefore e�ective and suitable for the application if subjected to a pre-oxidation

treatment to remove these residues. SS405 and K41 samples passivated with a thin

perovskite based coating did not instead produce marks or stains on the support.

The evidences reported in this chapter can be compared with recent results re-

lated to thin La-Fe perovskite coatings grown as well with the molten salt method

on 22Cr Crofer 22H and SSHT substrates [149]. The passivation layers reported in

this work were characterized by limited thickness (e.g. �gure 4.20c - less than 1 µm),

and the oxidation behaviour of coated steels was evaluated by means of phase sta-

bility, electrical performances and chromium retention ability up to 1000 h. During
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the oxidation test, signi�cant evolution of the oxide layers was observed, includ-

ing growth of spinel, haematite, silicate phases and degradation of the perovskite

phase, much more evident on the thinner layer grown on the Crofer 22H steel. As

expected from the occurrence of perovskite degradation phenomena, chemical anal-

yses showed evidences of Cr di�usion into the simulated cathode layer: while minor

amounts (i.e. 1-2 wt%) were detected after 1000 h in the cathode layer bulk for

the SSHT coated steel, higher quantities (i.e. 5-7 wt%) were found for the Cro-

fer 22H samples. This di�erence is most likely ascribable to higher instability and

permeability associated to the latter's lower coating thickness. However, despite

chromium di�usion occurrence, the ASR values could be considered suitable for the

application (<0.05 Ω · cm2) through the whole examined period for both substrates,

furthermore showing a decreasing trend.

Comparing these data with the results reported in this chapter, it is likely to sup-

pose the existence of a coating thickness threshold to minimize the kinetic instability

phenomena described in section 1.4 and avoid perovskite degradation and chromium

release. The oxidation experiments carried out on the SS405 steel show in fact that

the perovskite layer is remarkably stable up to 1800 h. The experiments carried

out on the thin perovskite coated K41 alloy, despite the shorter duration, do not

highlight signi�cant evidences suggesting the occurrence of perovskite degradation

phenomena. As reported in [149], thinner coatings deposited on much more noble

steels undergo instead signi�cant evolution. Therefore, the fact that the perovskite

layer grown through the template conversion mechanism on di�erent substrates pos-

sesses similar thickness, as shown in section 4.2, suggests that the contribution of the

oxide sublayer in ensuring the perovskite stability can't be neglected. The presence

of a su�ciently thick oxide sublayer, as grown on the K41 and SS405 alloys, will in

fact give rise to lower oxygen and electrochemical gradients across the perovskite.

With the opportune coating thickness, the driving forces for cation pumping in per-

ovskite structures should be therefore minimized, avoiding cation segregation and

kinetic demixing e�ects and ensuring long-term stability to the perovskite phase.

The experiments carried out in dual-atmosphere on the SS405 alloy show instead

signi�cant oxidative phenomena both on the coated and uncoated steel. Dual at-

mosphere exposure represents however a highly challenging environment. Results

reported in recent years show in fact that signi�cant and unexpected corrosion pro-

cesses proceed also on high chromium steels, with mechanisms and possible solutions

yet to be precisely identi�ed [150, 151]. The di�erence in the corrosion morphology

observed between the uncoated and coated steel in this work, a di�use haematite

growth in the �rst case and a localized attack in the latter, suggest however the pos-

itive e�ect of the coating layer. This leaves space to further optimization in terms of
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microstructure, thickness and mechanical robustness to ensure e�ective protection

also in the highly corrosive dual atmosphere environments.
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The aim of this thesis was the evaluation of cost-e�ective and environmentally

friendly methods for the synthesis of coating materials and for the production of

e�ective coating layers. The synthesis of Mn-Co spinels, currently representing

the best compromise between processability and e�ectiveness among coating ma-

terials, was approached by means of cost-e�ective and environmentally friendly

mechanochemical techniques. Furthermore, as an innovative approach, a novel

molten salt passivation technique was applied to produce dense La-Fe perovskite

based coatings on SOFC suitable alloys.

In particular, High Energy Ball Milling was evaluated to produce mixed Mn-

Co and Fe-Cu doped Mn-Co spinels. The mechanochemical treatment of Mn-Co

oxide mixtures promotes the solid-state reaction of the starting compounds, with

the formation of nano-structured powders. Long term processing (e.g. 65 h) leads

to the complete reaction: in the case of the Co-rich sample a single-phase spinel is

formed, while in the Mn-rich sample a multi-phase mixture, with phases commonly

not produced by traditional high temperature solid state techniques, is obtained.

In view of the application, a relatively short milling treatment (e.g. 10h) proved

e�ective in terms of comminution and activation degree, despite not promoting the

formation of single-phase products. The short mechanochemical approach may be in

fact e�ective to produce powder mixtures of opportune compositions to be applied

through wet-powder deposition techniques. The high-temperature desired phase

would be then formed during the sintering treatments, without the need for high-

temperature single-phase powder calcination steps commonly adopted in ceramic

powder synthesis.

To optimize the Mn-Co spinel composition, di�erent Mn-Co, Cu-Mn-Co, Fe-Mn-

Co and Fe-Cu-Mn-Co powders were synthesised through the short HEBM treatment

in order to evaluate the e�ect of chemical composition on phase stability, sintering

behaviour, thermal expansion and electrical conductivity. It was observed that high

Mn:Co ratios and iron addition enhance spinel phase stability at high temperature,

while copper addition decreases the spinel phase stability both in oxidizing and re-
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ducing conditions. Sintering behaviour in air is greatly enhanced by copper addition;

the doping did not however succeed in lowering the sintering temperature to levels

suitable for the material. The reactive sintering route, consisting in a reducing and

in an oxidizing step, was therefore studied. A signi�cant shrinkage is obtained dur-

ing the �rst step, most likely ascribable however to the spinel decomposition rather

than to an e�ective densi�cation. The oxidation step induces instead spinel re-

covery, without signi�cant dimensional changes, leading to signi�cant densi�cation

with high densities obtained at 800 ◦C. The composition in�uences this process,

with Fe-Cu simultaneous doping signi�cantly e�ective in enhancing �nal density.

Furthermore, relations between the chemical composition and thermal expansion

behaviour were found. In particular, CTE is raised by Co and Cu content, and low-

ered with Fe and Mn. This trend is retained in the case of multiple doping, allowing

to hypothesize the tailoring of the composition ad hoc for the speci�c substrate alloy.

A similar relation was observed also in the case of electrical conductivity.

Substitution of Co with Fe and Cu to obtain a Fe-Cu doped Mn-Co spinel

proved therefore as a versatile approach to enhance sintering behaviour and electrical

conductivity while retaining thermal expansion compatibility with ferritic stainless

steels. This suggests that a multiple doping approach can represent an e�ective

strategy to design cobaltite materials properly tailored to the application.

The application of a molten carbonate chemical surface conversion technique

to high-chromium stainless steels, to produce dense and adherent La-Fe perovskite

based coatings, was initially evaluated studying and optimizing the experimental

variables and the bath composition. The method was subsequently successfully ex-

ploited to produce La-Fe perovskite based coatings characterized by tunable thick-

ness, full density and high homogeneity. Furthermore, the occurrence of opportune

galvanic coupling phenomena was supposed and veri�ed in appropriately tailored

small scale experiments after the introduction of metal oxides (i.e. Cu, Ni, Ag) in

the melt. The reduction phenomenon of the nobler metal on the coating surface was

exploited to promote the passivation layer formation and to obtain metal-perovskite

composite structures.

The stability of the produced coatings was evaluated with high temperature (700
◦C) exposure experiments. The oxidation experiments were carried out on di�erent

substrates and coating structure combinations. A �rst evaluation was carried out on

a SS405 (13Cr) alloy, selected as low cost alternative to high chromium alloys and

as suitable benchmark due to its poor high temperature oxidation resistance, coated

with a thin La-Fe perovskite based coating. The experiments were carried out at

700 ◦C in air and in dual H2/air atmosphere (3% H2O-H2 and 3% H2O-air �ow re-

spectively at the simulated anode and cathode side). A remarkable improvement of
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the corrosion resistance was noticed in air, with no chromium release or signi�cant

corrosion signs after 1800 h. Breakaway was instead observed in the more challeng-

ing dual atmosphere conditions, with the coated sample characterized however by

reduced corrosion with respect to the uncoated steel.

Oxidation experiments carried out in air at 700 ◦C on K41 (18Cr) coated steels

allowed to observe a remarkable stability of the coating layers in the case of thick

perovskite and Cu-perovskite composite coatings, possessing similar morphology.

Both samples were characterized by a transient chromium release phenomenon oc-

curring in the �rst hours of experiment, most likely due to the decomposition of salt

residues from the surface rather than to actual chromium di�usion through the coat-

ing layer: presence of chromium across the perovskite layer, suggesting its di�usion,

was in fact not detected after the experiments. Samples coated with thin perovskite

layers showed instead higher chemico-physical evolution, with signs of cation di�u-

sion phenomena most likely driven by the higher chemical gradients derived by the

reduced thickness. The thin perovskite layer deposited on the high chromium K41

steel proved however e�ective in protecting the alloy from corrosion, with no visible

signs of chromium release.

The molten carbonate conversion coating technique seems therefore a suitable

approach to produce dense La-Fe perovskite based coatings stable in SOFC sim-

ulated cathode environments. The development of the technique to produce the

metal-perovskite coating, taking advantage of the galvanic coupling phenomena ev-

idenced in this work, seems moreover a promising strategy to tailor the coating

properties.

The results reported in this work highlight new research trends that could be

pursued. In particular, deposition of the multiple (Fe-Cu) doped spinels through

wet-powder techniques could be evaluated exploiting their enhanced sintering be-

haviour in order to obtain highly dense coating layers characterized by opportunely

tailored CTE and high electrical conductivity.
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